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ABSTRACT

Nanostructured metallic materials have gained signi�cant interest for their

superior performance in the �elds of electronics, energy, defense and structural

applications. They owe their outstanding mechanical properties to abundant

interfaces such as grain boundaries and phase boundaries as well as nanoscale features

such as grain size. The role of grain boundaries, twin boundaries, and other interfaces

on mechanical response of materials has been richly investigated over decades. In

contrast, stacking faults, which are also planar defects, have primarily been studied as

defects that arise during deformation. Recent experimental work by our collaborators

on hexagonal-closed packed (HCP) and face centered cubic (FCC) Co with stacking

faults enables the investigation of how stacking faults may govern the deformation of

metallic materials. This dissertation presents an atomistic study of the deformation

mechanisms in HCP, FCC metals and nanostructured metallic multilayers dominated

by pre-existing stacking faults and other planar defects.

First, nanopillar compression is used to investigate the deformation mechanisms

in HCP Co with high density stacking faults. Molecular dynamics (MD) simulations

reveal high yield strength and signi�cant plasticity owing to stacking fault induced

deformation mechanisms that activate phase transformation.

Second, we use MD simulations to show that FCC (111)Cu/HCP (0002)Co

multilayers with an incoherent layer interface have dramatically better mechanical

performance than FCC/FCC (100) and (110) Cu/Co multilayers with a coherent

layer interface. Our study reveals a unique interplay among twin boundaries in Cu,

stacking faults in HCP Co, and incoherent layer interfaces, which leads to partial

dislocation dominated high strength and outstanding plasticity. We further perform

MD simulations to investigate the distinct role of each of these pre-existing planar

defects on the mechanical behavior of FCC Cu/ HCP Co multilayers.

Finally, we perform MD simulations on FCC Co nanopillars. They reveal that the
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stacking faults and partial dislocations activity dominate the hardening and softening

observed during plastic deformation of FCC Co where abundant dislocation junctions

favor strengthening.

Our simulations, together with experimental data, provide compelling evidence

that pre-existing stacking faults can enhance strength and plasticity and suggest

future avenues for the design of nanostructured materials with optimized properties

using defect networks.
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Chapter 1

INTRODUCTION

1.1 Motivation

Interfaces and interfacial phenomena play a vital role in the physical behavior of

materials across multiple spatio-temporal scales. The scienti�c and technological

implications of interfacial processes are immense, ranging from electronics, and

energy industry to defense and structural applications. With the advent of

nanotechnology, interfaces have gained even more prominence owing to their impact

on the properties of nanostructured materials and have been the subject of intense

research theoretically, experimentally, and computationally [2, 5, 6, 7, 8, 9, 10, 11, 12,

13, 14, 15, 16, 17, 18, 19, 20]. In metallic materials, which are the focus of this study,

interfaces refer to grain boundaries, twin boundaries or phase boundaries and metal-

metal interfaces. As discussed in detail in the following sections, these planar defects

play a vital role in governing the mechanical properties (as well as electrical, optical,

and thermal properties) of metals and metallic alloys. For example, twin boundaries

and grain boundaries can resist the transmission of dislocations to increase strength,

while twin boundaries also accumulate dislocations to accommodate plasticity, and do

not scatter electrons as much as regular grain boundaries do to permit high electric
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conductivity [21, 22, 23, 24, 25, 26, 27, 28, 29, 30, 31, 32, 33, 34, 35, 36, 37, 38].

Similarly, metal-metal interfaces have shown very attractive role in imparting

radiation tolerance in metallic multilayers as they serve as e�ective barriers for

radiation-induced point defects [39, 40, 41, 42, 43, 44].

Stacking faults are also planar defects on which we have a rich literature based

on research going back decades [45, 46]. Interestingly, however, stacking faults

have been studied primarily as defects that arise commonly during deformation in

metallic materials [47, 48, 49]. This begs the question: If stacking faults are planar

defects like grain boundaries and twin boundaries, can they play a role in enhancing

mechanical properties such as strength and ductility? This fundamental materials

science question has been largely unaddressed until very recently. Recently, our

experimental collaborators, Zhang et al. [50] were able to synthesize FCC Co at

room temperature by using an epitaxial Cu seed layer. Since Co is naturally in HCP

phase at room temperature, this stabilization of FCC Co resulted in the formation of

high density stacking faults in FCC Co. This presented an unprecedented opportunity

to examine the role of pre-existing stacking faults on the mechanical behavior of FCC

and HCP metals, as well as metallic multilayers. This is primarily the focus of this

dissertation. In this dissertation, we will present our work on atomistic simulations

of FCC and HCP Co and Cu/Co multilayers that provide insights into the role of

pre-existing stacking faults and other planar defects in the mechanical behavior of

these materials.

In the rest of this chapter, we will provide a review of existing studies on grain

boundaries, twin boundaries, stacking faults and multilayers. These are broad topics

that have been investigated via experiments and computational modeling on various

length scales. We will restrict our discussion to atomistic modeling results and

experimental data that are more germane to our current study.
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1.1.1 Grain Boundaries and Twin Boundaries

A grain boundary (GB) is the interface separating two adjacent grains with

di�erent orientations in a polycrystalline material (Figure 1.1(a)). A twin boundary

(TB) is a special type of GB that is highly symmetric because the grain on one side

of the interface is a mirror re�ection of the grain on the other side as depicted by

Figure 1.1(b) illustrating a TB in an FCC structure. Although the TB is a high angle

GB, its high symmetry lowers its energy.

Figure 1.1: Two-dimensional representations of a typical GB (a) and a defect-less TB
(b) [1].

Nanocrystalline Metals

The mechanical properties of nanocrystalline materials with GBs deviate from

those of a single crystal due to the dimensions of the nanometer-sized grains as well
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as the high density of interfaces. The increase in strength of polycrystalline materials

arises from the GBs acting as e�ective barriers for dislocation motion, inhibiting the

onset of plasticity. The Hall-Petch relation links the yield strength σy to the grain

size d as

σy = σ0 + kd−
1
2 , (1.1)

where σ0 is the intrinsic strength of a material having a dislocation density low

enough so that dislocation interactions are inconsequential and k is a d-independent

constant. It is an empirical relationship and the strengthening coe�cient is material

speci�c and is typically obtained from experimental data. Several studies have focused

on determining the optimal dimensions for enhancing the mechanical properties of

nanocrystalline materials [7, 27, 51, 52, 53, 54, 55, 56, 57, 58, 59, 60, 61, 62].

Nanotwinned Metals

A novel class of nanostructured materials was developed in early 2000's known

as nanotwinned metals which have ultra-�ne grains containing twin boundaries with

spacing around 20-100 nm [63]. The ultra-high yield strength and ductility observed

in nanotwinned metals as well as enhancement of other properties including high

strain rate sensitivity and electrical conductivity motivated further research on them.

Experimental research has shown that nanotwinned metals have higher tensile

and yield strengths as well as better hardness than nanocrystalline metals owing

to the dislocations/TB interactions [21, 63, 64, 65]. Interactions between CTBs

and dislocations and their impact on strength and ductility have been extensively

investigated using atomistic simulations by several research groups [26, 58, 66, 67, 68,

69, 70]. In fact, dislocations accumulate against TBs making them a strong barrier to

dislocation motion increasing strength, similar to GBs. CTB-dislocation interactions

lead to dislocation dissociation which results in either multiple partial dislocations

propagating through the CTB or along it or producing a sessile dislocation lock at the

4



CTB depending on the type of metal chosen and the applied strain [26, 66]. Thus, in

contrast to GBs, CTBs accommodate plasticity and improve ductility because partial

dislocations can glide along their (111) planes through the process of absorption

and transmission [67]. MD simulations of nanoindentation on monocrystalline and

nanotwinned BCC Ta �lms with di�erent twin thickness show that three kinds of

dislocation-TB interaction namely absorption, desorption and direct transmission

activate the migration of TBs, the formation of steps along TBs, and the formation

of new sites for dislocation nucleation, inducing softening in samples with small twin

lamellae [70].

Figure 1.2: Tensile response for NT Cu samples with di�erent twin spacings for two
grain sizes by MD simulations [2].

The deformation mechanisms of nanotwinned Cu with a wide range of twin spacing

were studied by Li et al. [2] via molecular dynamics and theoretical modeling. Below
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a critical twin spacing, softening occurs in the presence or the absence of pre-existing

dislocations. Dislocations nucleating from the GB-twin intersections and propagating

parallel to TBs govern softening. They found that a �ner grain size leads to a smaller

critical twin spacing and a higher maximum strength of the material (Figure 1.2).

1.1.2 Stacking Faults

Structure and Characteristics

A perfect crystal consists of identical atomic layers arranged in a regular sequence

called stacking. Stacking faults (SFs) are planar defects and as the name implies,

they are local regions in the crystal where the regular atomic layer arrangement is

interrupted as illustrated in Figure 1.3.

Figure 1.3: A perfect Face-Centered Cubic crystal layer stacking (left) versus
structure with an interrupted stacking creating a SF (right).

They are not typically seen in ABABAB... sequence in body centered cubic (BCC)

and face-centered cubic (FCC) structures since there's no alternative for an A layer

adjacent to a B layer, unlike close-packed planes with an ABCABC... sequence, where
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it's possible for an A layer to equally rest on a B or a C position.

There are two types of SFs in FCC structures: Intrinsic and extrinsic SFs. An

intrinsic SF occurs due to the lack of an atomic layer in the stacking sequence, similar

to the case depicted in Figure 1.3 where a layer B is clearly missing compared to

the sequence of the perfect crystal. In contrast, an extrinsic SF is an extra layer

introduced within the regular sequence, for example, an extra A layer is introduced

between a B and a C layer.

Since SFs are imperfections, they are associated with an energetic cost called

the stacking fault energy (SFE). In fact, a SF is the product of a full dislocation

dissociating into two partial dislocations: a leading one and a trailing one. The

dissociation of a full dislocation depends on energy considerations as it's energetically

more favorable [45].

Following dissociation, the partial dislocations repel each other. As the partials

separate, the SF grows until the equilibrium spacing is reached when the net repulsive

force (per unit length) of the two partials equals the SFE. Hence, if the SFE is low, the

partials are widely seperated; conversely, if the SFE is high, dislocations dissociation

doesn't occur and slip dislocation will be a full dislocation.

This characteristic related to SFs re�ects on the mechanical properties and

behavior of materials since it's crucial to certain deformation mechanisms, as will

be discussed in the next paragraph.

SFs in Metals and Alloys

Unlike materials with pre-existing TBs and GBs, the e�ect of pre-existing SFs on

deformation mechanisms as well as strength and ductility is yet to be explored. In

single crystal metals and alloys, several studies reckon them as defects that form

during deformation in metals and alloys [47, 48, 49, 71, 72, 73, 74, 75, 76] and

focus on their contribution to plastic deformation but their e�ects on the deformation
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mechanisms themselves are still unclear.

Yet, many studies have looked at the e�ects of pre-existing SFs on triggering

alternative deformation mechanisms instead of the classical dislocation slip, that

improve strength and ductility, mainly in HCP structures known for their brittle

behavior due to the lack of slip systems. In fact, Taylor [77] following Von Mises [78]

proved that a general homogeneous deformation without cracks in polycrystalline

materials requires �ve independent slip systems. In HCP crystals, the two favorable

Burgers vectors are a and c+a and the possible slip systems are shown in Figure 1.4.

Figure 1.4: Slip systems in an HCP single crystal [3].

The most common basal and pyramidal slip systems in HCP materials o�er only

four independent modes which are insu�cient to ful�ll the Von Mises requirement

generally compromising their ductility compared to FCC metals.

Some HCP metals and alloys exhibit a better ductility under mechanical loading

thanks to alternative deformation mechanisms. Speci�cally, in HCP metals and alloys

with low SFE, pre-existing basal SFs seem to play an important role in de�ning their

deformation mechanisms. For instance, α-Ti with pre-existing equally spaced SFs

on its basal planes has a better yield and �ow stress than the single crystal case

in compressive loading [79]. In fact, an FCC phase nucleating by the process of

continuous slip of dislocations on adjacent planes is observed. However, pre-existing

basal SFs serve as a barrier for propagation of the FCC phase, which contributes to

the increase of the yield stress and a generally harder stress-strain behavior compared
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to SF-free Ti nanopillars.

The distance separating pre-existing SFs also a�ects the mechanical behavior of

HCP materials. Song and Li [80] found an optimal spacing for which the strength and

ductility are maximized by running c-axis compression atomistic simulations on Mg

nanopillars. This results from the repulsive forces exerted by the SF on dislocations

that hinder the nucleation and glide of dislocations which in turn results in a high yield

strength. In the work afore-mentioned [80], they suggest that when the SF spacing

is small, the pillars exhibit hardening due to the lack of dislocation movement in the

con�ned space between the pre-existing SFs. To carry plasticity, the sample resorts

to an alternate deformation mechanism and results in the nucleation of a new grain

with a 90◦ angle rotation with respect to the basal plane of the original grain. These

two examples present alternative deformation mechanisms for HCP metals with pre-

existing basal SFs, preventing slip on other planes, further compromising ductility.

Previous studies focused on the plastic behavior of metals detail the interactions

between SFs and other types of defects, which play, later on, a signi�cant role in the

mechanical deformation of these materials. In Wei and Wei [81], the impingement of

screw dislocations on intrinsic and extrinsic SFs in FCC metals such as Al, Au, Ni,

Cu and Ag is investigated. According to Wei and Wei [81], when a screw dislocation

encounters an intrinsic SF, the latter either (1) transforms to an extrinsic SF by the

dissociation of the screw dislocation into Shockley partials and their glide on a plane

parallel to the SF, (2) is annihilated when the two Shockley partials glide along the

SF or (3) is penetrated by the screw dislocation that glides on a slightly shifted slip

plane relative to its former slip plane.

On the other hand, three other modes of interaction are possible in the case of an

extrinsic SF. In fact, the screw dislocation can dissociate into two Shockley partials

that propagate between the two planes of the extrinsic SF adding a third plane that

transforms the extrinsic SF into a three-layer twin. It can also transform into an
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intrinsic SF if the two Shockley partials propagate near one of the two planes of the

initial extrinsic SF. The last mode of interaction is penetration of the extrinsic SF by

the screw dislocation and its glide on a slightly shifted slip plane. It is the stacking

fault energy of the di�erent metals that favors one of these modes against others.

In other FCC materials, stacking fault tetrahedra (SFT), a cluster of vacancies

generated by an intersection of SFs in multiple slip planes forming a tetrahedron, are

often observed in quenched or irradiated metals and alloys. Zhang et al. [82] report

that the compressive stress can truncate the SFT and initiate their destruction by

transforming faulted Frank loops to full dislocation loops. In Wang et al. [83], SFT

in gold nanocrystals are prone to annihilation by dislocations in the con�ned volume

of nanocrystals. The con�ned volume that decreases the distance between SFT and

the TBs constituting a nucleation site for Shockley partials facilitates the annihilation

process.

In low SFE steel [84], partial dislocations nucleating from GBs at initial stages

of plasticity propagate through the grains creating a complex SF network with SFs

nucleating on intersecting planes obstructing the propagation of each other. Plasticity

is carried, in this case, by the high density of these extended dislocations.

In metals and alloys, as mentioned earlier, the SFE plays an important role in

favoring certain deformation mechanisms over others. For instance, the SFE of Cu

(∼78 mJ/m2) decreases by more than an order of amplitude when alloyed with Al (6

wt pct Al, SFE ∼6 mJ/m2) [85]. It's well established that twinning and dislocation

slip are two major and competing modes of plastic deformation in metals and alloys.

In Cu-Al alloys [85], it is proven that higher SFE leads to a smaller spacing between

partials and therefore, a higher tendency for cross-slip. On the other hand, lower

SFE stemming from alloying Cu with Al results in a higher probability for SFs

and twins to form, which results in work-hardening at late stages of deformation.

In addition, nanocrystalline Cu-Al alloys exhibit a higher yield strength and lower
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uniform elongation than nanocrystalline pure Cu under tensile deformation, thanks

to their lower SFE energy [86]. This e�ect is also observed in Ni-Co alloys, where

Co reduces the SFE, ensuring a higher strength and tensile ductility [87]. Since

lower SFE leads to an improvement in strength and ductility, alloying is often looked

into as a way to lower the SFE of metals and achieve better mechanical properties

[88, 89, 90, 91].

1.1.3 Layer Interfaces in Metallic Multilayers

Nanostructured metallic multilayers (NMMs) consisting of alternating layers of

metals gained interest over the last years owing to their outstanding mechanical and

magnetic properties as well as their radiation tolerance making them good candidates

for a variety of potential applications in industry [50, 92, 93, 94, 95, 96, 97, 98, 99,

100, 101].

Figure 1.5: The strength vs individual layer thickness for NMMs [4].

In terms of mechanical properties, it has been established that under certain

circumstances, yield strengths of NMMs exceed those of the bulk crystalline forms of
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either one of the single metallic components of the multilayers. This enhancement

has been the subject of multiple studies in literature [102, 103, 104].

Layer thickness plays an important role in setting the deformation mechanisms

that NMMs follow. At a layer thickness greater than 50 nm, dislocation pile-up

against the layer interfaces following the Hall-Petch relationship [105] is the most

commonly observed deformation mechanism. According to this model, dislocations

accumulate at layer interfaces until the applied stress and the stress concentration

due to the pile-up surpass the barrier strength and transmit slip across the boundary.

When the thickness varies in the range of 5-50 nm, con�ned layer slip (CLS) governs

the deformation of NMMs and the yield strength as a function of the layer thickness

follows the Orowan model, where slip may occur by bowing of dislocations between

interfaces rather than pile-up formation. At a smaller size of ∼5 nm, NMMs exhibit

hardening and as the thickness gets smaller (1 nm lengthscale), softening is observed

due to slip across the layer interface (Figure 1.5).

Nevertheless, layer thickness is not an exclusive factor in determining the

deformation mechanisms in metallic multilayers. Another important aspect that

plays a signi�cant role in the deformation process is the nature of the layer interface

separating the two materials, whether coherent or incoherent.

In fact, there can be three types of layer interfaces. The �rst one is the coherent

interface which separates two crystals that match perfectly at the interface plane so

that the two lattices are continuous across it. This can only exist if the interfacial

plane has the same atomic con�guration in both phases, which might require the

two crystals to be oriented in a speci�c way relative to each other. However, the

strains associated with such an interface increase the total energy of the system. In

this case, it's energetically more favorable for interfaces to arrange in a semi-coherent

manner, where the mismatch is compensated by mis�t dislocations. The last type

of interfaces is the incoherent interface; it forms when the interface plane has a very
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di�erent atomic con�guration in the two adjacent layers and there is no possibility

of good matching across the interface. It can either stem from very di�erent atom

patterns such as an FCC and an HCP adjacent layers or interatomic distances that

di�er by more than 25%.

Depending on the nature of the interface, NMMs can exhibit deformation

mechanisms that are di�erent from those discussed above. Indeed, in Cu/Nb

multilayers with FCC-BCC interfaces, the interface barrier stress for slip transmission

in the absence of dislocation pile-up, depends on how strongly a glide dislocation

interacts with the interface, which depends on the nature of the interface among

other factors [95]. An incoherent interface in Cu-Nb systems is a strong barrier to

dislocation transmission and prohibits their slip from one layer to the other even with

a small layer thickness (< 5 nm)where dislocation transmission through the interface

is usually observed. In other systems such as Cu/Ni and Cu/Ni/Nb, interfacial

defect con�gurations signi�cantly alter the strength and mechanical behavior of the

material [106]. In general, depending on the nature of the interface and the stresses

attributed to it, it can act as a strong barrier for dislocation propagation, inducing

strengthening [107, 108, 109, 110] and promoting alternative deformation mechanisms

[111, 112, 113, 114, 115].

1.2 Computational Modeling

Physical phenomena can be examined by experimental methods, computational

modeling and theoretical analysis. When it comes to the properties of materials,

it's known that they depend on a variety of processes and mechanisms occurring

at a large range of length scales. Computer simulations in particular are a great

means to providing atomistic insights, that are not possible by experimental methods,

to a variety of phenomena and systems. Indeed, computational modeling allows
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us to understand continuum-level processes in depth by revealing the evolution of

the microstructure through them. Although advances in technology currently allow

experimental studies at the nanoscale, computational techniques provide a predictive

tool for understanding the microstructure, particularly for nanostructured materials,

often lowering the cost compared to experimental methods. At the atomic scale,

defects such as GBs, TBs or SFs, their structure, their nucleation and growth

mechanisms and the interactions between them have a signi�cant role in de�ning

the mechanical properties at the engineering scale. Therefore, atomistic simulations

complement experimental �ndings to provide a broad and deep knowledge of the

atomistic underpinnings of physical phenomena that may span several time and length

scales.

Molecular Dynamics (MD) method is commonly utilized to model mechanisms at

the atomic length and timescale mechanisms. MD captures the trajectory of each

atom in a system during deformation based on classical mechanics, that is, by solving

Newton's equations of motion. The interaction forces between the atoms are modeled

by interatomic potentials which are empirically obtained by �tting to experimental

data or quantum mechanical calculations.

Although MD simulations are widely used owing to their reliability and their low

cost compared to several other methods, they have certain limitations like any model.

MD simulations model the trajectories of each and every atom at each timestep, as

well as their thermal excitation, therefore, as the system grows larger in terms of

number of atoms, it becomes computationally expensive to run MD simulations and

only systems upto a few hundred nanometers at most can be studied. In addition,

the timestep is a small fraction of atomic vibrations, making 1 fs a typical timestep

of MD simulations, resulting in very high strain rates of about 108 ∼ 109/s which are

not accessible experimentally. This timescale limitation prohibits direct comparison

of MD simulations to experiments when modeling time-dependent or strain rate
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dependent phenomena. Despite these restrictions, MD is one of the most popular

methods for modeling material behavior with atomistic resolution and has successfully

furnished valuable atomistic insights into response of materials at the nanoscale.

1.2.1 Fundamentals of Molecular Dynamics

The molecular dynamics method attempts to simulate the "true" dynamics of

atoms in the context of Boltzmann's statistics. Molecular dynamics is simply the

numerical integration of the classical equation of motion

m
d2ri
dt2

= −∂V ({ri})
dri

, (1.2)

where ri is the position of atom i and V ({ri}) is the potential energy. This expression

is equivalent to Newton's second law

fi = mai, (1.3)

where fi = −∂V ({ri})
dri

is the force on atom i and ai = d2ri
dt2

is it's acceleration.

Time integration of this system of equations with proper initial positions and

velocities provides trajectories of all atoms as a function of time. The Verlet algorithm

is one of the simplest and most stable algorithms used to determine the positions and

velocities of all atoms at a speci�c timestep.

Velocity Verlet Algorithm By the Verlet algorithm, the updated positions and

velocities are obtained as follows:

ri(t+ ∆t) = ri(t) + vi∆t+ ai(t)
∆t2

2
, (1.4)

ai(t+ ∆t) = − 1

m

∂V ({ri(t+ ∆t)})
dri(t+ ∆t)

, (1.5)
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and

vi(t+ ∆t) = vi(t) + [ai(t) + ai(t+ ∆t)]
∆t

2
, (1.6)

with initial conditions {ri(0)}, {vi(0)}.

Since Newton's equations of motion conserve the total energy, an integration

scheme has to take this aspect into account. Over long time scales, the Verlet

algorithm seems to preserve the energy quite accurately [116] allowing MD to capture

macroscopic long time scale responses.

Embedded-Atom Method (EAM) Interatomic Potential Throughout the

course of this dissertation, we detail MD simulations where inter-atomis interactions

are based on the embedded-atom method (EAM) potential originally developed by

Daw and Baskes [117]. It's usually used for metallic systems such as Cu, Al, steel...

in which electrons are more di�use and shared by many neighboring atoms.

This inter-atomic potential is based on the following form:

V =
∑
a

F (ρa) +
1

2

∑
a

∑
b

φ(rab), (1.7)

with F (ρa) being the embedding function of atom a that takes into account the e�ect

of electron density, where ρa is the local density of electrons in the neighborhood of

atom a and φ(rab) being a pairwise potential that represents the interactions between

atoms a and its neighbor b, function of the distance between them. The EAM

potential considers interactions only up to second neighbors to ensure computational

e�ciency.

The EAM potential developed by Zhou et al. [97] used for the simulations

presented in this dissertation has been tested for accuracy in modeling the mechanical

and material properties of Cu and Co and compared to the EAM potential for Co

only developed by Pun et al. [118] to verify that HCP and FCC Co properties match
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those obtained by experimental data.

Energy Minimization A conjugate gradient (CG) minimization method is used

at 0 T when the kinetic energy is absent to ensure a stable equilibrium of the system

at the lowest potential energy possible. Although numerous algorithms have been

developed to optimize the minimization process, the CG algorithm is utilized in

MD simulations for its simplicity and e�ciency [119]. The CG algorithm is an

iterative algorithm for �nding a local minimum more e�ciently by updating the search

direction to be conjugate to the previous one.

Nose-Hoover Thermostat This type of thermostat is used in our MD simulations

during the equilibration process that aims at bringing the system to a steady state

by stabilizing the temperature. It mimics the heat exchange between the simulation

volume and its surroundings. This heat bath exchanges heat with the atomic sub-

system by scaling the atoms velocities.

1.2.2 Visualization

Visualization of MD simulations results is performed using Ovito [120]. To study

the defect structures, a �ltering method that will di�erentiate atoms in their perfect

structures from those occupying defect positions is required. Common neighbor

analysis [121] is used in the studies presented in this dissertation to determine the

local atomic structure, therefore, defects. For example, in an FCC structure, atoms of

a stacking fault occupy the sites of an HCP lattice, thus, when applying the common

neighbor analysis, they will have a di�erent common neighbor parameter than other

atoms in the structure.

To identify dislocations and partial dislocations, Ovito provides a dislocation

analysis tool called the Dislocation Extraction Algorithm (DXA) [120]. This tool

identi�es all dislocation line defects in an atomistic crystal, determines their Burgers
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vectors, and outputs a line representation of the dislocations. It's a very useful tool in

identifying the types and characteristics of dislocations as they play a signi�cant role

in the deformation mechanisms during plasticity, which allows a close examination of

their evolution during mechanical deformation.

1.3 Dissertation Outline

This dissertation consists of six chapters. Chapter 1 is an introduction that

provides a de�nition of the main concepts mentioned throughout the dissertation

as well as an overview of the methods used. It also presents a review of the literature

that focuses on studying the properties of nanostructured metallic multilayers and

the role of di�erent planar defects and interfaces in de�ning the mechanical behavior

of metals through experiments as well as computational and theoretical modeling.

In Chapter 2, we investigate the plastic deformation of HCP Co with pre-existing

high density SFs on its basal planes. The deformation mechanism dominated by

phase transformation is investigated. Chapter 3 provides insights into the orientation-

dependent deformation mechanisms of Cu/Co multilayers. In this chapter, we link the

di�erent nanostructures as well as pre-existing defects and layer interfaces emanating

from the di�erent crystal orientations to deformation mechanisms observed in Cu/Co

multilayers. Chapter 4 extends the analysis of FCC Cu/HCP Co studied in Chapter

3 by looking into the three planar defects present in the system: TBs, SFs and

incoherent layer interfaces. We focus on the individual e�ect of each of the pre-

existing planar defects (TBs, SFs, incoherent layer interfaces), as well as their density

on the mechanical response of the multilayers, since experiments reveal that varying

the layer thickness of such a system alters the nature and the density of the pre-

existing defects. Chapter 5 is a study of the alternating hardening and softening

mechanisms dominated by SFs and their interactions in FCC Co nanopillars. We also
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examine strain rate e�ects on the density of SFs, hence the deformation mechanisms.

Finally, Chapter 6 concludes this dissertation by summarizing the main �ndings of

the work and presenting some avenues for future studies.

We wish to note that the experimental studies detailed throughout this

dissertation were performed by our collaborators, therefore, we will only mention

some of the main results that support the hypotheses and conclusions discussed in

the following chapters.
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Chapter 2

PHASE TRANSFORMATION

INDUCED PLASTICITY IN

HEXAGONAL CLOSE PACKED CO

WITH STACKING FAULTS

2.1 Introduction

Cobalt (Co) and its alloys have various applications in high strength structural

materials, magnetic devices as well as corrosion and wear resistant coatings [122, 123,

124, 125, 126]. At room temperature, Co has a stable hexagonal close-packed (HCP)

structure and a small fraction of metastable face centered cubic (FCC) structure

due to the low stacking fault energy (SFE) of HCP Co, 31 mJ/m2 [127]. Planar

defects such as twin boundaries (TBs) and stacking faults (SFs) have been previously

studied in FCC metals[2, 21, 22, 24, 92, 94, 128, 129, 130, 131, 132, 133, 134, 135,

136, 137, 138, 139, 140, 141, 142, 143, 144, 145, 146, 147, 148, 149]. It has been

shown that TBs and SFs can strengthen FCC metals by blocking the transmission of
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dislocations. Meanwhile, there are numerous studies that show partial dislocation-

planar defect interactions and detwinning could also provide mobile dislocations and

thus, improve the ductility [38, 68, 136, 144, 150, 151, 152, 153]. However, there

are few studies on deformation mechanisms of HCP metals with pre-existing SFs. It

has been reported that high density SFs in Mg alloy can increase yield strength by

impeding the movement of dislocations [154].

HCP metals are generally less ductile than FCC metals due to insu�cient

number of independent slip systems, which does not satisfy the Von Mises criterion

[155, 156]. Another deformation mechanism for HCP metals - deformation twinning

- can also accommodate plastic deformation and contribute to tensile ductility

[157, 158, 159, 160, 161]. However, when grain size is under 100 nm, deformation

twinning is often rarely observed in HCP metals [162], resulting in poor plasticity.

Thus, it is very challenging to enhance the plasticity of nanocrystalline HCP metals.

In this chapter, we report on molecular dynamics (MD) simulations of compression

on HCP Co (0002). The stress-strain behavior has a high yield strength followed by a

sharp decrease in stress. A closer examination of the structure evolution shows that

the high strength and deformability originate primarily from HCP to FCC phase

transformation. Micropillar compression studies on mechanical behavior of HCP

Co (0002) with high density parallel SFs on basal planes also reveal a high yield

strength, ∼1.1 GPa, followed by prominent work hardening to a �ow stress of 2.0

GPa, up to ∼20% strain. Post deformation transmission electron microscopy (TEM)

analysis shows HCP-to-FCC phase transformation that promotes plasticity. This

study provides a fresh perspective, that is, phase transformation can be a major

deformation mechanism in HCP metals for imparting high strength and plasticity.
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2.2 Experimental and Computational Methods

2.2.1 Simulation Method

Molecular dynamics simulations were performed on HCP Co nanopillars by using

the Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS)[163] and

the results were visualized using Ovito [164] and DXA [120], the dislocation analysis

tool. The digital HCP Co pillars were 4 nm in diameter and 8 nm in height and

contained stacking faults on the (0002) planes. These stacking faults with an average

spacing of 1.6 nm were introduced by applying rigid body motion on the (0002) planes

along the <1010> direction. Speci�cally, the layers were held �xed and one rigid block

was moved relatively to the other on the (0002) planes in the <1010> direction.

Then, the entire sample was allowed to relax. First, the pillar was equilibrated at

0 K using the conjugate gradient energy minimization. Subsequently, the sample

was equilibrated at 300 K under the NVT ensemble with a Nose-Hoover thermostat.

Finally, compression was applied for 160 ps at a strain rate of 6.25×108s−1. The Co-

Co atomic interactions are described by the embedded-atom method (EAM) potential

developed by Zhou et al. [97].

2.2.2 Experimental Methods

2 µm thick Co �lms were deposited on Si (110) substrates with 100 nm Cu seed

layers at a deposition rate of ∼ 0.35 nm/s for Co. In situ micropillar compression tests

were performed in a scanning electron microscope (SEM). HCP Co pillars with ∼1

µm in diameter and ∼2 µm in height were fabricated using the same SEM microscope

equipped with focused-ion-beam (FIB). Additional details can be found in [165].
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2.3 Computational Results

MD simulations were performed on HCP Co with SFs on basal planes to investigate

the atomistic deformation mechanisms and detailed phase transformation process

during nanopillar compression. The stress-strain curve shows a high yield strength

of ∼12 GPa followed by sharp stress reduction to ∼1.8 GPa after yielding (Figure

2.1(a)).

Figure 2.1: MD simulations of compression of HCP Co pillar with parallel SFs. Atoms
are in common neighbor color coding (orange for FCC, purple for HCP
and white for unidenti�ed structures). Green and red lines represent
Shockley partials and red lines represent other dislocations, respectively.

Prior to yielding, at about 4% strain, two Shockley partials (green lines) are

nucleated at the intersection of the horizontal SFs and the pillar surface (Figure

2.1(c)). With increasing stress, the Shockley partials start to glide along the SF planes

resulting in defaulting. Consequently, this partial annihilation of the pre-existing SFs

creates space for the FCC Co phase to nucleate and propagate. We have visualized
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the evolution of the microstructure using the local Von Mises shear strain in Figure

2.2, which highlights the concentration of local large shear strains around the areas of

HCP-to-FCC phase transformation. Figure 2.1(d) shows that, after a patch of FCC

Co is formed, Shockley partials nucleate from the interface between the HCP and

FCC phases and glide on FCC (111) planes forming SFs in the FCC phase, leading

to plastic yielding accompanied by a major stress drop (Figure 2.1(e)). Stair rod

dislocations with Burgers vector of 1/6 [110] (red lines) also form at the interception

of the inclined SFs by the pre-existing horizontal SFs, which prevent the propagation

of partial dislocations and may contribute to work hardening. the crystallographic

orientation relation between HCP and FCC Co revealed by MD simulations is in good

agreement with the HRTEM analyses presented later in this chapter (Figure 2.5(c-d)).

It is worth mentioning that Burgers reported a HCP-to-FCC phase transformation

mechanism in Zr that is to some extent similar to what MD simulations show in the

present study [166].

Figure 2.2: MD simulations of compression tests of HCP Co pillar with parallel SFs.
Coloring of atoms is according to the Von Mises shear strain for various
con�gurations during deformation.

Another MD simulation of compression of HCP Co without basal plane SFs was
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also performed (Figure 2.3). MD simulations show that basal slip and prismatic

slip dominate the plastic deformation. These observations indicate that basal SFs are

critical in inhibiting dislocation glide in HCP Co and consequently, SFs can strengthen

the materials.

Figure 2.3: MD simulations of compression tests of HCP Co pillar without SFs.
Atoms are in common neighbor color coding where orange, purple and
white denote FCC, HCP and unidenti�ed structures, respectively.

2.4 Experimental Results

Mechanical behavior of epitaxial HCP Co (0002) was also studied by in situ SEM

pillar compression testing. Figure 2.4(a) shows the true stress-strain curves. Pillars

yield at ∼1.2 GPa and show a prominent work hardening capability to a peak stress of

∼ 2 GPa. The work hardening exponent is calculated as n '0.55. Figures 2.4(b)-(e)

show SEM snapshots of the HCP Co pillar (presented by the red stress-strain curve)

during compression. The HCP Co pillar experiences a uniform deformation without

forming any s or cracks up to 20% strain, an indication of prominent plasticity.
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Figure 2.4: In situ micropillar compression tests on HCP Co. (a) True stress-strain
curves. (b-e) SEM snapshots of an HCP Co pillar showing uniform
deformation during compression. No cracks were observed.

Figure 2.5 shows TEM micrographs of the deformed HCP Co pillar. Figure 2.5(a)

con�rms that no slip bands or cracks formed during deformation. The deformation

induced dilation near the pillar top. The SAD in Figure 2.5(a) reveals two sets

of di�raction patterns, associated with HCP (red lines) and FCC (blue lines) Co,

respectively. Higher magni�cation TEM micrographs in Figure 2.5(b) show multiple

sets of inclined SFs. HRTEM micrographs in Figure 2.5(c)-(d) show the phase

boundaries between FCC and HCP Co as decorated by white dashed lines. In FCC

Co, the high-density of inclined SFs are along (111) planes as determined by the

inserted FFTs. Note that the (0002) planes in HCP Co are nearly parallel to the

(111) planes in FCC Co (Figure 2.5(c)), similar to the orientation relation observed

in MD simulations. The FCC Co phase shown in Figure 2.5(d) is distorted due to

plastic deformation.
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Figure 2.5: Cross-section TEM micrographs of an HCP Co pillar deformed to ∼20%
true strain. (a) A TEM micrograph at low magni�cation. (b) A
higher magni�cation TEM micrograph of the box (in a). (c,d) HRTEM
micrographs of the boxes in (b).

2.5 Discussion

Deformation modes in HCP metals have been extensively studied. At

room temperature, dislocation glide and deformation twinning are two principal

deformation mechanisms in HCP metals. For dislocation glide, <a> type dislocation

[1120] gliding on basal or prismatic plane is one of the most common slip systems in

HCP metals [167]. However, in this study, HCP Co has (0002) out-of-plane texture,

which means the Schmid factors for <a> type dislocations on both basal and prismatic

planes would be very small (close to 0), therefore, neither the basal nor the prismatic

slip would be the prominent deformation mechanism. Another major dislocation,
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<c+a> type dislocation with Burgers vector of [1123], can glide on pyramidal planes

and accommodate plastic strain along the c direction [167]. However, the pyramidal

slip of <c+a> type of dislocations is largely prohibited by the high-density of SFs on

basal plane [154].

Deformation twinning is another fundamental deformation mechanism in HCP

metals in addition to their limited slip systems [157, 158, 159, 160, 161]. However,

deformation twinning is not observed in MD simulations and is largely absent in the

TEM micrographs of the deformed HCP Co pillar. Prior studies show that when

the grain size is less than 100 nm, deformation twinning may be easier to operate in

FCC metals [162, 168, 169, 170], but becomes much more di�cult in HCP metals,

except under severe plastic deformation [171] or by adding an alloying element [172].

Since the grain size of HCP Co in this study is ∼50 nm and the MD simulations

are performed at the nanoscale, deformation twinning is also largely inhibited during

deformation.

If the classical dislocation glide and deformation twinning mechanisms are both

prohibited in HCP Co with high-density SFs, then how do we explain the deformation

mechanisms and work hardening capability observed in the current study? MD

simulations (Figure 2.1(f)) and Post compression TEM micrographs (Figure 2.5) show

the coexistence of both the HCP and the FCC phase in the deformed pillar. As FCC

Co was not observed in the as-deposited Co and the MD sample is solely HCP, the

FCC phase should have formed during deformation, which may be triggered by high

local stresses [173, 174, 175]. TEM micrographs (Figure 2.5(c)-(d)) show that FCC

Co is formed on two sets of inclined (111) planes relative to the horizontal HCP

(0002) basal planes. Furthermore, high-density inclined SFs along (111) planes in

FCC Co are also observed (Figure 2.5(b)) due to the migration of Shockley partial

dislocations along the inclined (111) planes. Thus, phase transformation and partial

dislocation activity in the FCC Co phase may contribute to the signi�cant plasticity
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during compression of HCP Co.

2.6 Conclusion

We report an intriguing deformation mechanism in HCP Co dominated by

phase transformation. Epitaxial HCP Co thin �lms with high density SFs exhibit

simultaneous high strength and plasticity as revealed by in situ SEM compression

tests. Post deformation TEM analysis shows the formation of an FCC Co phase during

compression. MD simulations elucidate that the HCP-to-FCC phase transformation

arises from partial dislocations gliding along the pre-existing SFs parallel to the basal

plane during compression. The subsequent generation of inclined SFs on (111) planes

in FCC Co plays a key role in accommodating plasticity. This study provides a new

perspective for designing high-strength deformable HCP metals by introducing a high

density of SFs.
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Chapter 3

ORIENTATION-DEPENDENT

MECHANICAL RESPONSE OF

CU-CO MULTILAYERS

3.1 Introduction

Nanostructured metallic multilayers have drawn signi�cant attention because

of their high strength, good wear resistance, resilient radiation tolerance, and

intriguing magnetic properties for a variety of potential applications in industry

[50, 92, 93, 94, 95, 96, 97, 98, 99, 100, 101]. In terms of mechanical properties,

previous studies have mostly focused on the layer thickness (h) and layer interface

dependent strengthening and deformation mechanisms in di�erent systems, such as

FCC/FCC [92, 101, 176, 177, 178, 179, 180], FCC/HCP [50, 96, 181, 182], FCC/BCC

[96, 99, 101, 182, 183, 184, 185, 186, 187], HCP/HCP [188], HCP/BCC [189, 190],

metal/ceramic [191, 192, 193] and metal/amorphous [93, 194, 195, 196] multilayers,

where FCC, BCC and HCP stand for face-center cubic, body-center cubic and

hexagonal close packed crystal structures.
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In general, coherent interfaces, such as those in Cu/Ni, are weak barriers

to transmission of dislocations [101, 176]; whereas incoherent interfaces, such

as those in Cu/Nb, are stronger dislocation barriers due to slip discontinuity

[96, 99, 101]. Nanostructured metallic multilayers are known for their high strength,

testi�ed by nanoindentation [50, 176, 178, 179, 183] and micropillar compression

[93, 181, 184, 188, 192, 197, 198, 199] studies. However, most high strength

multilayers show shear instability under compression (formation of slip band or

crack) [99, 180, 182, 184, 186, 187, 190, 193, 200]. There are abundant studies

on the extrinsic (pillar diameter d) and intrinsic (layer thickness h) size e�ects on

toughening in metallic multilayers. These studies show that by increasing d or h,

multilayer pillars show more 'ductile' (uniform deformation or barreling) deformation

mechanisms, but doing so also leads to softening. However, there are few studies that

focus on the in�uence of texture and layer interface on the strength and deformability

of multilayers with chemically identical layer constituents and layer thickness.

In this chapter, we detail the results obtained by MD simulations of compression

on Cu/Co multilayers with three di�erent crystallographic orientations, {100}, {110}

and FCC {111}/HCP {0002} having signi�cantly di�erent layer interfaces. The

simulations reveal that the semicoherent {100} and {110} layer interfaces have low

resistance to the transmission of partial dislocations; whereas {111} textured Cu/Co

nanolayer has a defect network consisting of TBs in FCC Cu, stacking faults (SFs)

in HCP Co, and the incoherent layer interface, thus, o�ering superior strength by

prohibiting the propagation of partials. In situ compression tests performed on 25

nm Cu/Co multilayers with the same orientations used in MD simulations reveal

a surprisingly high yield strength of {111} textured multilayers, exceeding 2.4 GPa,

compared to ∼600 MPa yield strength for both {100} and {110} textured multilayers.

In fact, the high deformability of FCC {111}/HCP {0002} multilayers results

from detwinning and HCP-to-FCC Co phase transformation induced softening. The
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experimental sample with the same orientation undergoes a superelastic deformation

of its cap layer observed post compression, due to the high deformability. This study

provides an important concept, that is tailoring the network of planar defects can

lead to the design of ultra-high strength, deformable nanocomposites for a variety of

industrial and defense applications.

3.2 Computational and Experimental Methods

3.2.1 Computational Methods

Three cylindrical nanopillars of Cu/Co multilayers with {100}, {110} and {111}

/{0002} crystallographic structures, respectively, were studied by performing MD

simulations using LAMMPS [163]. For FCC (100) and (110) pillars, the thickness of

each layer is 5.3 nm, the total specimen height is about 32 nm and the diameter is

about 19 nm. For Cu (111)/Co (0002) pillars, the thickness of each layer is 5 nm,

the total specimen height is about 30 nm and the diameter is about 15 nm. Thus,

the aspect ratio of the FCC pillars is about 1:1.7 and that of the FCC Cu/HCP Co

pillar is 1:2. The simulations were performed at 300 K under the NVT canonical

ensemble. The interactions between Cu and Co were modeled by the embedded-atom

method (EAM) potential developed by Zhou et al. [97]. The potential was validated

by calculating the elastic constants and the stacking fault energies for Cu as well as

Co. The values were found to be in reasonable agreement with experimental results

as well as simulations performed using another EAM potential for HCP and FCC Co

developed by Mishin et al. [118]. Non-periodic boundary conditions were used in

all directions. First, conjugate gradient energy minimization was performed, followed

by equilibration of the specimens at 300 K. Then, the specimens were subjected to

compression at a constant strain rate. The FCC (100) and (110) pillars were subjected

to compression for 800 ps at a strain rate of 1.66 ×108s−1. Cu (111)/Co (0002)
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pillars were subjected to compression for 900 ps at a strain rate of 1.86 ×108s−1. The

HCP/FCC multilayer specimens were created layer by layer in order to introduce

pre-existing coherent TBs (CTBs) in the FCC Cu layers and SFs in the Co layers

parallel to the basal plane, to be consistent with the experimental specimens. The

defect structures were visualized using OVITO [164] and the dislocation analysis tool

DXA [120].

3.2.2 Experimental Methods

2 µm thick Cu/Co 25 nm multilayers were deposited on Si (100), Si (110) and Si

(112) substrates with 100 nm Cu seed layers at deposition rates of ∼0.5 nm/s for Cu

and ∼0.15 nm/s for Co.Then, Cu/Co multilayer pillars with ∼1 µm in diameter and

∼2 µm in height were fabricated using an SEM microscope equipped with focused-

ion-beam (FIB), where compression is also performed.

3.3 Computational Results

MD simulation results for nanopillar compression of (100) and (110) Cu/Co 5

nm multilayers are performed to elucidate their deformation mechanisms. True

stress-strain curves (Figure 3.1(a),(b)) reveal higher �ow stress in FCC Cu/Co (110)

nanopillar. For the FCC Cu/Co (100) nanopillar, Shockley partials transmit through

the Cu/Co interface (Figure 3.1(c)) near the onset of yielding, leading to penetration

of SFs across the interface (Figure 3.1(c)). A closeup of this process is detailed

in the dislocation analysis Figure 3.2, where only defaulting atoms and dislocation

lines are depicted, showing the penetration of a Shockley partial across the Cu-Co

interface (Figure 3.2(a)). During plastic deformation, the glide of Shockley partials

and subsequent propagation of SFs dominate the deformation, and slip bands form

from the surface of the pillar as shown in Figure 3.1(d), a result of Shockley partials
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exiting the outer surface (Figure 3.2(b)).

Figure 3.1: Comparison of MD simulation results for the FCC (100) and (110)
Cu/Co 5 nm multilayer nanopillars. (a-b)Stress-strain curves. (c-
f) Microstructure and dislocation analyses of FCC (100) and (110)
multilayer at di�erent levels of strain. orange, purple and white atoms
are in FCC, HCP and unidenti�ed structures, respectively.

Similarly, in the FCC Cu/Co (110) pillar, Shockley partials migrate easily across

the Cu/Co interface, leading to plastic yielding (Figure 3.1(e)). Detailed view of

this process in presented in Figure 3.2(c). Furthermore, CTBs formed in FCC

(110) pillar during deformation, block the transmission of partials, and consequently

contribute to work hardening (strengthening). The substantial softening (manifested

as the stress drop in Figure 3.1(b)) arises from the transmission of Shockley partials

across the CTBs as shown in Figure 3.1(f) and detailed in Figure 3.2(d). Although
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the multilayers in MD simulations only have 5 nm individual layer thickness, these

�ndings reveal that the coherent (100) and (110) FCC Cu/Co interfaces are weak

dislocation barriers, and thus the strength and plasticity of these coherent systems are

dominated by the glide and transmission of partial dislocations across layer interfaces.

Figure 3.2: Dislocation analysis of the deformed FCC (100) and (110) Cu/Co 5 nm
multilayer nanopillars during compression showing only defects. Green,
yellow and blue lines denote Shockley partials, Hirth locks, and perfect
dislocations, respectively. Red lines denote other dislocations.

MD simulations of compression on Cu (111)/Co (0002) multilayers with pre-

existing nanotwins in Cu and SFs in Co (Figure 3.3(b)) were performed to reveal the

atomistic mechanisms of high strength and signi�cant plasticity. Brie�y speaking,

the horizontal coherent twin boundaries (CTBs) in Cu layers, SFs in HCP Co and

incoherent layer interfaces all prohibit the penetration of dislocations, and thus

the defect networks consisting of TB-SF-layer interfaces lead to ultra-high strength

in Cu/Co nanolayers with FCC/HCP layer interfaces. The yield strength of the

nanopillar is found to be ∼5.5 GPa, much higher than that of the two simulated FCC

Cu/Co multilayers.
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Figure 3.3: MD simulation results for the compression of FCC Cu (111)/ HCP Co
(0002) 5 nm nanopillars. (a) The true stress-strain curve. (b-c) Cu/Co
pillar before deformation. (d-f) Cross-section view of the pillar at di�erent
stages of deformation where atoms are in common neighbor color coding.

Before yielding, Shockley partials are nucleated from Cu/Co interface and glide

along the inclined {111} planes, interact and transmit across the CTBs in Cu (Figure

3.3(d)), leading to steps on the CTBs [66, 68, 201, 202]. These steps trigger the onset

of detwinning in Cu via the migration of Shockley partials along CTBs. Note that

the microscopic yielding in the Cu layer does not lead to the signi�cant stress drop
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in the stress-strain curve (Figure 3.3(a)). In the Co layer, basal slip is prevented

due to the small resolved shear stress (the loading direction is orthogonal to basal

planes). Prismatic slip and pyramidal slip are also inhibited by the high density SFs

on basal planes. Therefore, the Co layer is also strengthened by the high-density SFs.

It has been frequently shown that macroscopic yielding for multilayers occurs when

dislocations transmit across the layer interface [18, 50, 96, 179, 203, 204, 205].

In the current study, dislocation transmission across interfaces is prohibited due

to slip discontinuity between HCP Co (0002) and FCC Cu (111). The collaborative

defect network inhibits the glide of dislocations in Cu and Co layers, and hinders the

transmission of dislocations across layer interface, resulting in the ultra-high strength

in Cu/Co nanolayers. At increasing stresses, MD simulations reveal that HCP-to-

FCC phase transformation occurs in Co at the onset of yielding (Figure 3.3(e)).

The nature of the interfaces (incoherent/coherent) is clearly revealed by top-down

view of MD snapshots of the latter, presented in Figure 3.4, where the two types of

FCC (100)(Figure 3.4(a)) and (110)(Figure 3.4(b)) Cu/Co interface are dominated by

FCC phase with orthogonal SFs, whereas the Cu (111)/Co (0002) interface (Figure

3.4(c)) is incoherent, consisting mainly of atoms in an unidenti�ed crystal structure.

Figure 3.4: Top view of the simulated interfaces between Cu and Co before
compression in (a) (100) Cu/Co, (b)(110) Cu/Co and (c) Cu (111)/Co
(0002) multilayers in common neighbor color coding. Pink is for
unidenti�ed structure.
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The entire process - detwinning, phase transformation and propagation of phase

fronts - was also examined via dislocation analysis. Dislocation arrays are observed

at the FCC Co/HCP Co phase boundaries and move with the phase boundaries

during phase transformation (Figure 3.5). The nucleation of Shockley partials from

the interface, their migration along the inclined {111} planes and later on along the

CTBs resulting in their annihilation are depicted in Figure 3.5(a). Figure 3.5(b)

depicts the HCP to FCC phase transformation process. Finally, the expansion of

the FCC Co phase and the nucleation of SFs lead by Shockley partials within it are

detailed in Figure 3.5(c).

Figure 3.5: Dislocation analysis of the FCC Cu (111)/ HCP Co (0002) 5 nm
nanopillar at di�erent stages of compression showing only defect atoms
and dislocation lines where Shockley partials are in green, full dislocations
in blue, stair-rod in pink other dislocation are in red.

3.4 Experimental Results

XRD patterns of Cu/Co 25 nm multilayers on di�erent substrates reveal highly

textured FCC Cu/Co (100) on Si (100) (Figure 3.6(a)), FCC Cu/Co (110) on Si
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(112) (Figure 3.6(f)) and Cu (111)/Co (0002) on Si (110) (Figure 3.6(k)). Cu/Co

multilayers deposited on Si (100) and Si (112) substrates have FCC Co, while HCP

Co (0002) forms on Si (110) substrate. Cross-section EDS analyses show chemically

abrupt Cu/Co layer interfaces (Figure 3.6(b),(g),(l)). Cross-section TEMmicrographs

in Figure 3.6(c)-(e) show that the FCC Cu/Co (100) multilayer contains high-density

inclined SFs in the FCC Co layers, but has little defects in Cu layers.

Figure 3.6: Comparison of the microstructures of three Cu/Co 25 nm multilayers with
di�erent types of layer interfaces. (a, f, k) XRD pro�les. (b, g, l) Cross-
section EDS maps of Cu/Co nanolayers. Cross-section TEM (XTEM)
micrographs of (c-e) FCC Cu/Co (100), (h-j) FCC Cu/Co (110) and (m-
o) Cu (111)/Co (0002).

However, in FCC Cu/Co (110) multilayers, besides the inclined SFs in the Co

layers, coherent twin boundaries (CTBs) with ∼60 nm twin spacing are also observed

as con�rmed by the selected area di�raction (SAD) pattern in Figure 3.6(h). CTBs
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are initiated from Cu/Si interface (Figure 3.6(i)). In contrast to SFs con�ned within

the Co layers, CTBs often penetrate across {110} Cu/Co interfaces throughout the

entire �lm thickness.

Cu (111)/Co (0002) �lms deposited on Si (110) substrates show dramatically

di�erent microstructures. Instead of FCC stacking, HCP Co (0002) grows on top of

the Cu (111) (Figure 3.6(m)). High-density SFs on the basal planes in the HCP Co

layers and CTBs in the Cu layers are observed (Figure 3.6(m),(o)). The three types

of defects, SFs-TBs-incoherent layer interfaces, thus, form a defect network. Twin

spacing in Cu layer is ∼8 nm and SF spacing in Co layer is ∼5 nm. Given the small

lattice mismatch between Cu (111) and Co (0002) (as shown in Figure 3.6(k)), highly

textured Cu (111)/Co (0002) �lms form on Si (110) substrate. Consequently, the Cu

(111)/Co (0002) multilayer contains the defect network consisting of parallel CTBs

(in Cu), SFs (in Co) and incoherent Cu/Co layer interfaces.

Mechanical behavior of Cu/Co multilayers is studied by in situ SEM pillar

compression tests. Figure 3.7(a) shows the true stress-strain curves for FCC Cu/Co

(100) (blue and light blue) and Cu/Co (110) (orange and yellow) pillars respectively

under compression. Both multilayer systems yield at ∼600 MPa. However, FCC

Cu/Co (110) pillars show a more prominent strain hardening with a maximum �ow

stress of about 1 GPa. On the other hand, the maximum �ow stress for FCC Cu/Co

(100) pillars is ∼800 MPa.

Figure 3.7(c) shows SEM snapshots of a deformed FCC Cu/Co (100) pillar (with

respect to the blue curve) during compression. One major slip band is nucleated at

10% strain (Figure 3.7(c3)). In the deformed FCC Cu/Co (110) pillar shown in Figure

3.7(d2)-(d4), the �rst slip band emerges at ∼8% strain, followed by the continuous

formation of multiple parallel slip bands. Note that the slip bands in the FCC (100)

and (110) pillars are both parallel to the {111} planes.
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Figure 3.7: In situ micropillar compression tests for the three Cu/Co multilayer
systems obtained at a strain rate of 5×10−3/s.(a) True stress-strain curves
of Cu/Co (100) and (110) multilayers.(b) Engineering stress-strain curves.
SEM snap shots of (c1-c4) Cu/Co (100), (d1-d4) Cu/Co (110) and (e1-e4)
Cu (111)/Co (0002) during compression.

In contrast to the two FCC multilayer systems, compression tests on the Cu

(111)/Co (0002) pillars reveal drastically di�erent mechanical behavior as shown in

Figure 3.7(b). Due to the non-uniform deformation of the Cu (111)/Co (0002) pillar,

we compare the engineering stress-strain curves for all three systems. As shown

in Figure 3.7(b), the Cu (111)/Co (0002) pillars (red and pink) show a dramatically

higher yield strength, ∼2.4 GPa, which is 4 times that of the two FCC Cu/Co systems

and the �ow stress exceeds 3 GPa.

SEM snapshots in Figure 3.7(e) show the signi�cant extrusion of the pillar top, as

evidenced by the formation of a 200 nm-thick pancake shaped cap, while the bottom
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part of the pillar remains largely unchanged. The �ow stress is one of the highest

among all multilayers under pillar compression studied to date [93, 99, 180, 181, 182,

184, 185, 186, 187, 188, 190, 191, 192, 193, 194, 200, 206, 207, 208].

Figure 3.8: Comparison of the �ow stress (true stress at 5-10% true strain) of Cu/Co
multilayers to other 'ductile' multilayers under pillar compression.

Besides, we compare the �ow stress between Cu/Co multilayers with other

multilayer systems showing 'ductile' deformation mechanisms (no slip band or crack

formation) under pillar compression and plot it as a function of h−
1
2 in Cu (111)/Co

(0002) multilayers have the highest �ow stress of ∼3 GPa among all 'ductile' deformed

multilayer pillars reported to date(Cu/PdSi [93], Al/TiN [191], Cu/Ni/Nb [207],

Al/Pd [180], Cu/a-CuZr [181], Cu-Ni/Nb [207] and Cu/Nb (5 [99], 70 nm [208])).

The detailed strengthening and toughening mechanisms will be discussed in the next

section.
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3.5 Discussion

3.5.1 Strain Hardening and Deformation Mechanisms of FCC

Cu/Co Multilayers

Size dependent strengthening has been well documented in metallic multilayers.

In this study, the layer thickness h is 25 nm for all experimental samples, a regime

where con�ned layer slip (CLS) is normally believed to be the dominant deformation

mechanism, although dislocation pile-up cannot be entirely suppressed [209].

Figure 3.9: Snapshots of MD simulations showing SFs crossing the Cu-Co interface
after yield in (100) and (110) Cu/Co multilayers where only atoms of the
SF (purple) and Shockley partials (green lines) are depicted.

However, instead of the extrusion of the soft Cu layers, slip bands were observed

in both experimental (Figures 3.7(c),(d) and 3.10(a),(b)) and MD (Figures 3.1(d) and

3.11(a)) FCC (100) and (110) Cu/Co multilayers, indicating that CLS may not be the

preferred deformation mode. MD simulations of (100) and (110) Cu/Co multilayers

with pre-existing strain mismatch induced SFs show that yielding coincides with the

SFs crossing the semi-coherent Cu-Co interface (Figure 3.9). On the other hand,

TEM micrographs of a deformed (110) Cu/Co pillar (Figure 3.10(c)) show SFs in Cu,

which were not observed before deformation.
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Figure 3.10: XTEM micrographs of the FCC (110) Cu/Co pillar after compression at
20% strain.

These SFs form due to the transmission of Shockley partials across layer interfaces

in a similar process to the one depicted by Figure 3.1(e). The transmission of single

dislocations through the semi-coherent Cu/Co interface along {111} glide plane may

set the yield strength of the multilayers. The interface barrier strength can be

expressed as

τint ' τK + τch, (3.1)

where τint is the interface barrier resistance, τK is Koehler stress originating from

modulus mismatch, and τch is the chemical interaction term related to SFE di�erence
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between layer constituents [210].

The koehler stress is expressed as

τK =
µ1(µ2 − µ1)b

4π(µ1 + µ2)
, (3.2)

where µ1 and µ1 are the moduli of Cu and Co, b is Burgers vector, l is dislocation

core size, ∼2-4 b. The calculated τK is ∼ 170-330 MPa for both FCC systems.

Additionally,

τch =
γ2 − γ1

b
, (3.3)

where γ1 and γ2 are the respective SFE of Cu and Co.

σ =
τint

cosΦcosλ
. (3.4)

In FCC (100) and (110) multilayers, Φ or λ are complementary to each other, thus,

the two systems should have similar yield strength, calculated as 520∼870 MPa.

Figure 3.11: Snapshots of MD simulations at ∼6.5% showing twin growth in (110)
Cu/Co multilayers. (a) Atoms are in Common Neighbor color coding.
(b) A close-up of the steps on TBs caused by the intersection with SFs
lead by Shockley partials (green lines).
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Next, we examine the di�erence in strain hardening ability between the two FCC

multilayers. A major microstructure di�erence between the two FCC systems are the

observed inclined TBs along {111} planes crossing the layer interfaces in the FCC

Cu/Co (110) �lm (Figure 3.6(h)-(j)). TBs are known as e�ective dislocation barriers

and contribute to strengthening and work hardening [21, 66, 129, 150, 153, 211, 212],

which is observed on the MD simulations stress-strain curve in Figure 3.1(b). MD

simulations of (110) Cu/Co pillar show a thickened TB with SF decorations on both

sides and steps resulting from the TB-SF interaction appearing at late stages of

deformation as depicted in Figure 3.11, similar to what TEM micrographs of the

deformed (110)Cu/Co pillar reveal (Figure 3.10(d)). CTBs decorated with SFs have

been predicted in simulation [26, 66, 68] and observed experimentally [153, 213],

resulting from interactions between the gliding partials and CTBs. The CTBs block

the propagation of partials, leading to strengthening and work hardening [21, 66, 129,

150, 153, 211, 212].

3.5.2 Origins of Ultra-high Strength and Plasticity in Cu

(111)/Co (0002) Multilayer System

The Cu (111)/Co (0002) 25 nm multilayer is the strongest ductile metallic

multilayer reported to date as shown in Figure 3.8. Cu/W 20 nm multilayers have a

higher �ow stress, but fail in a brittle way. The yield strength and �ow stress of Cu

(111)/Co (0002) 25 nm multilayer are also much higher than the benchmark values of

Cu/Nb 5 nm multilayer [99]. In addition, Cu/Nb 5 nm multilayers form a major slip

band after compression to a strain of 28%; whereas, the Cu/Co 25 nm pillar forms a

large cap, and sustains up to 90% of true strain without the formation of slip band

induced fracture.

The signi�cant yield strength discrepancy between the two FCC Cu/Co systems

and Cu (111)/Co (0002) multilayers originates from their di�erent microstructures.
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Compared with FCC Cu/Co multilayers, the Cu (111)/Co (0002) multilayers have

a defect network, containing three types of mutually parallel planar defects: TBs in

Cu, SFs in Co, and incoherent FCC/HCP layer interfaces. We start the discussion

with TBs.

TBs are shown to be e�ective barriers for the transmission of dislocations on the

inclined slip systems [58, 66, 129, 130, 150, 153, 170, 211]. However, In situ tensile

testing of nanotwinned Cu [213] has revealed that when TB spacing is below 10 nm,

dislocation glide along TBs becomes the dominant deformation mechanism, and the

stress required to activate partials migration is low, leading to softening observed in

nanotwinned metals with small twin spacing. Although the twin spacing in Cu is less

than 10 nm, during the uniaxial compression test of Cu (111)/Co (0002) pillar, there

is no resolved shear stress for the migration of partials along TBs, and hence, the

strengthening of nanotwinned Cu layers is anticipated.

Second, the easy glide plane in HCP Co is the {0002} basal plane [214, 215], which

is also normal to the loading direction in this study. At the same time, the activation

of <c> and/or <c + a> dislocations on the pyramidal or prismatic slip planes may

be blocked by high density SFs [154], consequently increasing the yield strength of

HCP Co.

Third, unlike the coherent FCC Cu/Co interfaces, the incoherent FCC/HCP

layer interface is another strong barrier for dislocation transmission. Dislocations

in Cu layers may be di�cult to transmit through the incoherent interface due to slip

discontinuity in FCC Cu and HCP Co.

To sum up the aforementioned rationale, the inclined slip of dislocations and

the propagation of slip bands are prohibited by a defect network, consisting of the

nanotwins in Cu, high-density SFs in Co, and the incoherent FCC/HCP interfaces,

therefore, we may obtain ultra-high strength in the FCC Cu/HCP Co nanolayers.

We also compared the in situ pillar compression results on pure HCP Co with
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high density SFs on basal plane [165] and nanotwinned Cu with similar defects

density [216], and their �ow stresses are both less than 2 GPa with a rule-of-mixture

stress of �ow stress of 1.5 GPa. These comparisons indicate that the ultra-high

strength of Cu (111)/Co (0002) multilayers arises from the TB-SF-interface defect

network, rather than from any type of stand-alone defects, as observed through

MD simulation, which are in excellent agreement with the post compression TEM

analysis, in showing the e�ectiveness of the previously-mentioned defect networks in

blocking partials migration and prohibiting slip band propagation, leading eventually

to strengthening and toughening Cu (111)/Co (0002) multilayers. This hypothesis

is tested and the mechanisms for the onset of plastic yielding of these high strength

nanolayer composites are investigated further.

Mainly, the deformation of Cu (111)/Co (0002) multilayers is dominated by the

detwinning in Cu (Figure 3.3(d)) followed by the HCP to FCC phase transformation

in Co (Figure 3.3(e)) which turns the incoherent HCP/FCC layer interface into a

coherent one, a weak allowing SF transmission across it.
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Figure 3.12: XTEM micrographs and EDS maps of the deformed Cu (111)/Co (0002)
pillar. (a1,a2) EDS maps of Cu (111)/Co (0002) pillar after deformation
to 5% true strain. (a3,a4) XTEM micrographs at the center of the pillar.
(b1,b2) EDS map of the multilayers at 20% true strain. (b3, b4) HRTEM
micrographs of an extruded but less deformed portion of the pillar top.

Similar mechanisms are also observed in the experimental pillar with the same

orientation detailed in Figure 3.12. EDS maps of Cu (111)/Co (0002) pillars deformed

to a compressive strain of 5% in Figure 3.12(a1)-(a2) show the prominent dilation of

the pillar top. HRTEM micrograph in Figure 3.12(a3) shows steps and SFs on CTBs

in Cu. CTBs in as-deposited multilayers are mostly sharp boundaries, and hence the

steps on CTBs form presumably due to partial dislocation-TB intersections, similar

to what has been observed previously [22, 201]. The steps on the TBs are also

active sources for the emission of mobile Shockley partials, promoting plasticity during

deformation. In the deformed HCP Co layers (Figure 3.12(a4)), phase transformation

from HCP to FCC phase transformation is observed, which may be triggered by high

local stresses [173, 174, 175]. In the pillar deformed to 20% of strain, signi�cant co-

deformation of Cu and Co to more than 90% has been observed in the top of the

pillar as shown in Figure 3.12(b1)-(b2). Signi�cant detwinning was observed in the
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Cu layer (Figure 3.12(b3)); and an extremely high density of SFs was observed in

the Co layer in the "shoulder of the T-shirt" (Figure 3.12(b4)). FCC Co was the

dominant phase in the center of the pillar cap.

Figure 3.13: Top view of the interface between Cu (111) and Co (0002) at di�erent
strain levels. Atoms are in Common Neighbor color coding, where orange
is for FCC and purple is for HCP.

When HCP Co is transformed to an FCC crystal structure, the incoherent interface

in the Cu(111)/Co(0002) gradually transforms into an FCC/FCC coherent interface.

The FCC Cu/FCC Co interface is transparent to dislocation migration, and partial

dislocations can easily glide on the inclined {111} planes. Figure 3.13 shows the

gradual transformation of the Cu-Co interface into an FCC coherent one (orange)

decorated with purple lines representing the SFs. At 0% strain, Co is pure HCP

(Figure 3.13(a)). When the pillar is deformed to 3.9% strain, HCP Co starts to

transform to FCC phase from pillar surface (Figure 3.13(b)). The FCC phase

continues to grow, transforming the interface into a coherent one that partials can

cross (Figure 3.13(b)-(e)). At 14% strain, more than half of HCP Co transformed to

FCC Co and abundant inclined SFs formed across the interface (Figure 3.13(f)).

Basically, the deformation induced dislocations are able to penetrate across the
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interface, signaled by the penetration of SFs through layer interfaces, leading to plastic

yielding accompanied by a signi�cant load drop as shown in Figure 3.3(a).

Continuous deformation leads to rapid propagation of the FCC Co phase front

across the HCP layer (Figure 3.3(f)). The softening of Cu/Co system leads to

signi�cant co-deformation of Cu and Co (Figure 3.14).

Figure 3.14: Cross-section of the Cu (111)/Co (0002) multilayers after deformation
at ∼14% strain. (a) Atoms are in Common Neighbor color coding. (b)
Atoms are in atom type color coding where Co atoms are green and Cu
atoms are red.

3.5.3 Unique Morphology and Signi�cant Deformability Of Cu

(111)/Co (0002) Pillars

The strain softening and signi�cant plasticity of the cap layer observed in

Figure 3.7(e2)-(e4) arise from dominant partial dislocation activities, manifested by

detwinning and phase transformation. The activation of Shockley partials leads to

detwinning and softening of the Cu layer. The softening of the Cu layer also leads

to the interaction of partials with incoherent layer interface and results in phase

transformation in HCP Co layer. The HCP-to-FCC phase transformation of Co leads

to transparent Cu/Co layer interface and signi�cant softening. The glide of partials on

inclined {111} slip systems enables rapid propagation of FCC Co in the multilayers.
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Strain softening is critical to accommodate signi�cant plasticity in the deformed pillar

cap.

When layer rotation occurs in the top of the pillar (Figure 3.12(b1)), the Schmid

factor of the inclined slip systems would increase, consequently promoting the glide

of partial dislocations within the layers. In the lower portion of the pillar, there is

insigni�cant layer rotation, and hence, partials cannot be activated and the pillar

retains its high resistance to plastic deformation. This unique strain softening

mechanism is quite important here to enhance plasticity in this multilayer system.

Instead of forming slip bands or cracks like most high strength multilayer systems,

the softened layer would sustain the majority of plastic deformation and protect the

bottom part from yielding. It is worth mentioning that although detwinning and

phase transformation lead to softening in the cap layer, ultra-high stress is needed to

activate such activities, leading to the observed high yield strength of Cu (111)/Co

(0002) multilayers.

Clearly more experimental and simulation work are necessary to examine the

defect network enabled deformation mechanisms in future studies. The current study

only unravels a corner of an exciting �eld, where defect networks may change the

deformation mechanisms and impact how we design advanced strong and deformable

metallic materials. There are numerous unresolved issues, some of which are listed

here. First, the in�uence of layer thickness on deformation mechanisms of multilayers

with defect network requires further investigation. In other words, size e�ects on

deformation mechanisms may be pivotal in conjunction with the defect networks.

Second, the current MD simulation focuses on a small model system given by

limited computational ability. Large scale MD simulations are necessary, provided

the required resources, to examine the deformation mechanisms with greater layer

thickness. Third, the general applicability of the defect network concept requires

further validation in other systems. Defect networks that contain grain boundaries,
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nanovoids, phase boundaries may also operate collaboratively to enable high strength

and deformability. Finally, phase transformations occur in Co in the current study. It

is unclear if phase transformation is necessary to enable high strength and plasticity

in other systems with defect network.

3.6 Conclusion

We report on drastically di�erent mechanical strength and deformability of

Cu/Co multilayers with identical individual layer thickness, but having three types

of crystallographic orientations and layer interfaces. MD simulations reveal that

the transparent FCC (100) and (110) Cu/Co interfaces are weak barriers to the

transmission of dislocations or the formation of slip bands. However, the superior

strength in FCC/HCP Cu/Co multilayers arises from a defect network consisting

of TBs, SFs and parallel incoherent layer interfaces. The plastic yielding of the

FCC/HCP multilayer is due to the HCP-to-FCC phase transformations in Co.

In situ micropillar compression studies show that the coherent interface of FCC

(100) and (110) Cu/Co, results in a low yield strength of ∼600 MPa and prominent

slip bands during deformation. In contrast, the incoherent Cu (111)/Co (0002) 25

nm multilayer delivers unmatched yield strength, ∼ 2.4 GPa, and high �ow stress,

exceeding 3 GPa, thanks to a defect network consisting of parallel CTBs in Cu, SFs

in Co and incoherent layer interfaces. The system also exhibits local superplastic

deformation as evidenced by the formation of a cap layer.
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Chapter 4

DEFECT NETWORK IN FCC

CU/HCP CO MULTILAYERS

4.1 Introduction

In Chapter 3 detailing the study on Cu/Co 25 nm multilayers [217], we show

that FCC/HCP Cu(111)/Co (0002) has much higher strength than FCC Cu/Co

multilayers although they have identical layer thickness. Coherent twin boundaries

(CTBs) in Cu, SFs in Co and FCC/HCP incoherent layer interface forming a defect

network collaboratively enhance the strength and deformability.

In order to understand the contribution of each of the di�erent defects on

the stress-strain behavior, we performed, via MD, compression simulations on

(111)Cu/Co(0002) multilayers with di�erent nanostructures. To this end, we report

on four di�erent samples: one with pre-existing TBs in Cu only, one with SFs in Co

only, one with no defects in either Co or Cu to isolate the e�ect of the incoherent

interface, and the last one is (111)Cu/Co multilayers with a FCC/FCC coherent

interface. We have found that TBs strengthen Cu and prevent the localization of

deformation in Cu layers that is observed in the sample with no TBs in its Cu layers.
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SFs in Co, however, don't alter the mechanical response signi�cantly since the loading

direction inhibits basal slip which is the preferred slip system in HCP metals in both

cases. The change in nature of the interface from an incoherent HCP/FCC one to a

coherent FCC/FCC one signi�cantly compromises the strength of the multilayers.

We also vary the density of pre-existing SFs in Co to understand their contribution

to the strengthening in NMMs, since it has been previously shown that varying the

spacing between basal plane SFs in single crystal HCP metals a�ects their mechanical

response [80, 218, 219]. As expected, the sample with a lower SF density has a higher

�ow stress.

To validate computational �ndings with experimental results, we rely on

systematic studies of highly textured Cu/Co multilayers deposited on Si (110) with

three di�erent layer thickness (5 nm, 25 nm and 100 nm). These samples reveal

di�erent microstructures and density of defects. Transmission electron microscopy

(TEM) analyses are performed on multilayers before and after compression. They

show that when h is 100 nm, the deformation is mainly localized in Cu layers due to

the lower CTBs density. When h decreases to 5 nm, high resolution TEM (HRTEM)

analysis reveals a coherent Cu/Co interface (FCC Cu/FCC Co). The in situ pillar

compression studies reveal a softening phenomenon occuring when layer thickness h

is 5 nm and 100 nm. Shockley partial dislocations can easily penetrate through the

coherent layer interface, which leads to softening.

4.2 Simulation and Experimental Methods

4.2.1 Simulation Methods

The role of pre-existing defects in the response of (111) Cu/(0002) Co multilayers

under compression was studied by molecular dynamics simulations using the software

LAMMPS [163] with an embedded-atom method potential developed by Zhou et
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al. [97]. The simulation models consist of a nanopillar with non-periodic boundary

conditions on each of direction. The multilayers di�er by the nanostructure.

Henceforth, we create the �rst set of models of (111) Cu/(0002) Co multilayers with

a 5 nm layer thickness, a diameter ∼15 nm and a total height of 30 nm, one with only

pre-existing (111) TBs in Cu, one with only pre-existing stacking faults on the basal

plane in Co, another with no pre-existing defects in either Co or Cu and one. We

also perform compression simulations on (111) Cu/Co FCC/FCC multilayers with

the same dimensions having TBs in Cu. The pre-existing TBs in these samples have

a spacing of ∼1.5 nm and the SFs have a spacing of about 1 nm. We compare the

results obtained from all models to results from similar simulations on a pillar that

has both types of pre-existing defects studied in Chapter 3.

The second part of this study focuses on the impact of SF density in Co layers on

the overall strength of (111)Cu/(0002)Co. For that, we consider (111) Cu/(0002) Co

multilayers with a 10 nm layer thickness and the same diameter and total height of the

previously described set. All of the pillars have pre-existing TBs in Cu and stacking

faults in Co with a spacing that takes the values 1 nm, 1.5 nm, 2 nm respectively,

although the outcome of the second case is only used to study the defect networks

for comparison purposes to support the conclusions drawn from the �rst and last

cases. Note that we opt for a di�erent layer thickness than that of the previous sets

of simulations to allow a wider range of SF density.

The simulations are performed at 300 K under the NVT canonical ensemble

using the Nose-Hoover thermostat after energy minimization by conjugant gradient

to stabilize the structures. After equilibration, the pillars undergo compression at a

strain rate of 1.67×108/s up to a strain value ∼15%. The results are visualized

using Ovito [164] and DXA [120], the dislocation analysis tool embedded in it,

and are detailed in the upcoming section. We also rely on stress-strain curves to

understand the di�erence in the mechanical behavior arisen from the di�erence in the
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nanostructure.

4.2.2 Experimental Methods

2 µm thick Cu/Co multilayer �lms with di�erent layer thickness, h = 5 nm, 25

nm and 100 nm, were deposited on Si (110) substrates. Cu/Co multilayers pillars

with di�erent layer thickness(5 nm, 25 nm and 100 nm) were then fabricated using

SEM and FIB. Their diameter is ∼1 µm and their height is ∼2 µm.

4.3 Computational Results

4.3.1 The Role of Pre-existing TBs in Cu

Figure 4.1 is a comparison of simulation results obtained from two similar samples,

where the �rst one has no defects in Cu layers and the second one has pre-existing TBs

in Cu 1.5 nm apart (Figure 4.1(b)). The stress-strain curves in Figure 4.1(a) show

that pre-existing TBs in Cu increase the yield strength of the multilayers but decrease

the �ow stress. In both cases, plastic yield occurs when stacking faults nucleate from

the highly incoherent Cu-Co interface into Cu (Figure 4.1(c)).

In the pillar with no TBs, as depicted by Figure 4.1(d), Shockley partials migrate

freely along intersecting {111} planes in the single crystal Cu leading to a complex

network of SFs in Cu owing to its low SFE. The interlocking partials form stair-rod

type of locks. The high number of locks in Cu, with Co remaining undeformed, leads

to hardening. Intersecting stair-rod dislocations form the edges of SF tetrahedra

(Figure 4.1(e)) by the mechanism proposed in [83]. At later stages of deformation

SF tetrahedra multiply, replacing the complex network of Shockley partials that

had nucleated at yield. Figure 4.1(f) depicting a cross-section of the sample at

∼11.6% strain reveals undeformed Co, deformation localization in Cu with several

SFT created.
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Alternatively, A closer observation of the pillar with TBs in Figure 4.1(g) reveals

detwinning occurring after yield. Shockley partials nucleate at the Cu-Co interface

and migrate towards the TBs.

Figure 4.1: MD simulations of compression of (111)Cu/(0002) Co nanopillars with
and without pre-existing TBs in Cu in common neighbor color coding
(orange is for FCC, purple for HCP and grey for unidenti�ed structure).
Green and pink lines are Shockley partials and stair-rod dislocations,
respectively.

Arrested by the TBs, partials glide along the TBs annihilating them and leaving

a detwinned Cu layer where SFs can propagate (Figure 4.1(h)). The accumulation of

partials near the interface triggers the nucleation of an FCC phase in the HCP Co

layer, in contrast to the system with single crystal Cu layers, where Co remains in its

original HCP structure. Dislocation pile-up is due to the incoherence between FCC

Cu and HCP Co and the inability of partials to cross the interface and propagate
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further, as well as the con�ned space between the interface and the TBs. The high

density of dislocations on the Cu-Co interface along with the stress �elds introduced

by SFs increase the local stress around it, eventually triggering the HCP to FCC

phase transform in Co as an alternate mechanism to carry plasticity (Figure 4.1(i))

as explained in Chapter 3. Consequently, a comparison of the stress-strain curves

illustrated in Figure 4.1(a) for both cases reveals di�erent behaviors caused by the

di�erent mechanisms.

4.3.2 The Role of Pre-existing SFs in Co

Unlike pre-existing TBs in Cu, pre-existing SFs in Co don't seem to be directly

related to promoting the co-deformation of Cu and Co ensured by the HCP to FCC

phase transformation in Co. In fact, the nucleation of the FCC Co phase is observed

in both samples, with and without SFs, as demonstrated by Figures 4.2(e) and 4.2(h).

The stress-strain curves presented in Figure 4.2(a) are quite similar in both trend and

magnitude, an unexpected result given the visible di�erences in the nanostructures.

The pillar with pre-existing stacking faults in Co has a yield stress of 5.75 GPa versus

5.63 GPa for the pillar with single crystal Co. In fact, plastic yield is mainly a

consequence of yielding Cu layers, due to the lack of slip systems in HCP Co and the

low resolved shear stress on its basal planes that make a 90◦ angle with the direction

of compression. Nevertheless, the pillar with pre-existing SFs in Co undergoes phase

transformation in Co and detwinning in Cu simultaneously (Figure 4.2(g)), while

phase transformation follows after full detwinning in Cu in the pillar with single

crystal Co (Fig.Figure 4.2(d)). We attribute this the localization of stress around the

Cu-Co interface caused by the presence of SFs in Co. In contrast, the stress required

to trigger phase transformation in the pillar with single crystal Co is achieved by

dislocation pile-up against the Cu-Co interface after full detwinning in Cu (Figures

4.2(c)-(d)).
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Figure 4.2: MD simulations of compression of (111)Cu/(0002) Co nanopillars with
and without pre-existing SFs in Co in common neighbor color coding.
Green and pink lines are Shockley partials and stair-rod dislocations,
respectively.

HCP to FCC phase transformation turns the incoherent interface to a semi-

coherent one allowing SFs in Cu to traverse the FCC Co in both pillars(Figure

4.2(e),(h)). At a late stage of deformation (Figure 4.2(f) and (i)), we observe co-

deformation of Cu and Co and the pillars bulge and exhibit a ductile behavior.

Comparing Figure 4.2(e) to Figure 4.2(h) taken at the same level of deformation

(∼7.3% strain) reveals that the growth of the FCC phase in Co depends on the Co

layer's nanostructure. The FCC phase clearly expands further in the sample with no

pre-existing SFs, where the growth of the FCC phase is dominated by the defaulting

process following partials glide along the SFs similar to the process observed in pure
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HCP Co described in Chapter 2.

The unexpected similarities in the mechanical response and the respective

evolution in the nanostructure stimulated a question: what is the e�ect of density

of the pre-existing SFs in HCP Co on promoting or demoting certain deformation

mechanisms such as phase transformation in Cu-Co multilayers? To answer this

question, three other cases where we vary the density of pre-existing stacking faults

in Co were investigated and the results are detailed below.

E�ect of SF Density

Previous studies on pre-existing SFs in HCP materials have shown that these

planar defects and the spacing between them play an important role in determining

the mechanical behavior of these materials under mechanical loading. In fact, varying

the spacing between pre-existing SFs in Mg nanopillars a�ects their yield strength and

the highest yield stress is achieved by an optimal stacking fault spacing of 6.78 nm

at 300K [80]. Additionally, the ability of pre-existing basal SFs to impede dislocation

motion helped develop Mg alloys with better mechanical properties [154]. Brie�y,

these types of planar defects play an important role in de�ning the mechanical

properties of HCP metals.

In this section, we study the e�ect of varying the density of pre-existing SFs in Co

on the mechanical response of Cu/Co multilayers with pre-existing TBs in Cu, equally

spaced by ∼1.7 nm. The goal is to determine whether the stress �elds generated

by stacking faults and the interactions between them in�uence the deformation

mechanisms and, as a result, the mechanical response.
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Figure 4.3: MD simulations of compression of (111)Cu/(0002) Co nanopillars with 1
nm (c1-c4), 2 nm (d1-d4) and 3.3 nm (e1-e4) SF spacing in Co in common
neighbor color coding. Green and pink lines are Shockley partials and
stair-rod dislocations, respectively.

For that, we consider three samples with 10 nm layer thickness and di�erent

stacking fault spacing (1, 2 and 3.3 nm), depicted in Figure 4.3(b).

Figure4.3(a) illustrates the stress-strain curves and Figure4.3(b) is a cross-section

view of the nanopillars pre-compression. Although the three curves match closely until

yield, the pillar with a 2 nm SF spacing in Co has a lower yield strength (∼6GPa
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versus ∼6.7GPa for the other two cases). On the onset of yield, SFs nucleate into

Cu from the Cu-Co interface in the samples with SF spacing 1 nm and 3.3 nm

(Figure 4.3(c1) and (e1)) and detwinning is observed simultaneously (Figure 4.3(c2)

and (e2)). However, they nucleate from the outer surface of the pillar with 2 nm

SF spacing (Figure 4.3(d1)) and migrate through the Cu layer by Shockley partials

transmission across the TBs (Figure 4.3(d2)). This con�rms that plastic yield is set

by the yield in Cu layers, and the detwinning process leads to a higher yield strength.

Further deformation activates phase transformation in HCP Co as an alternative

deformation mechanism to accommodate plasticity. Since TBs strengthen Cu layers,

the delay in detwinning reduces the strentgh discrepancy between Cu and Co (Figure

4.3(d3)) and increases the localized stress on the Cu-Co interface, triggering the

phase transformation. Alternatively, the detwinning process decreases the strength

of Cu layers and deformartion is restricted to Cu (Figures 4.3(c3) and (e3)). Further

deformation of the pillar with 2 nm SF spacing in Co leads to the growth of the

FCC phase in Co and the extrusion of the detwinned regions in the Cu layers

(Figure 4.3(d4)). The accumulated stress on the Cu-Co interface due to dislocation

accumulation against it and the stress �elds around SFs in Co leads to phase

transformation in Co at later stages of deformation in the pillar with 1 nm SF spacing

(Figure 4.3(c4)). With a lower density of SFs in the sample with 3.3 nm spacing, phase

transformation isn't observed up to ∼17.7% strain.

In essence, plastic yield in (111)Cu/(0002)Co multilayers is a result of yielding

Cu layers. A higher SF density contributes to the localization of stress around the

Cu-Co interface necessary to trigger the phase transformation, along with dislocation

pile-up in Cu layers.
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4.3.3 The Role of Coherent versus Incoherent Interface

In this section, we look into compression simulation results of Cu-Co multilayers

with 5 nm layer thickness and no pre-existing defects in either Co or Cu (Figure

4.4(b)), in order to isolate the e�ects of the incoherent interface on their mechanical

response.

The stress-strain curves illustrated in Figure 4.4(a) reveal an overall harder defect-

free structure. In fact, the stress �elds around the pre-existing TBs in Cu and the

pre-existing SFs in Co promote the nucleation of partials from the Cu-Co interface

and, hence, plastic yield.

Figure 4.4: MD simulations of compression of (111)Cu/(0002) Co nanopillars with
and without pre-existing defects in common neighbor color coding. Green
and pink lines are Shockley partials and stair-rod dislocations in Cu,
respectively. In Co, 1/3<1210>, 1/3<1100> and other dislocations are
green, orange and red, respectively.

Without those defects, when higher resolved shear stress is reached on {111}

planes in Cu, partials �nally nucleate (Figure 4.4(c)) resulting in a higher yield stress
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than that of the structure with pre-existing defects in both materials. However, the

stress drop observed in the defect-free pillar to 2 GPa is less drastic than that of the

pillar with pre-existing defects in both Cu and Co to 1 GPa.

The nucleation of numerous SFs on {111} planes in Cu and their intersections

lead to the formation of stair-rod type locks, similar to the mechanism detailed

previously in section 4.3.1. Stair-rods are locks that result from the interactions

between Shockley partials and consequently, they decrease their number and limit

their mobility exhibiting a higher valley after the peak stress at yield on the stress-

strain curve. Later on, the sample undergoes similar mechanisms as those observed

in the sample with no TBs in Cu (Section 4.3.1), such as the subsequent nucleation

of inclined SFs in Cu layers (Figure 4.4(d)) and their interactions that lead to the

formation of several SFT (Figure 4.4(e)). The incoherent Cu-Co interface, especially

with no HCP to FCC phase transformation, constitutes a strong barrier to partial

dislocation migration and SF propagation increasing the �ow stress to higher than

2 GPa versus 1 GPa in the case of the pillar with pre-existing defects, where phase

transformation is an alternative mechanism to accommodate plasticity. After reaching

a peak of 3.5 GPa at ∼7% strain due to the incapacity of nucleating new dislocations

in Cu layers and the inability of the existing ones to migrate because of the SFTs,

the partials accumulated on the Cu-Co interface activate secondary slip systems

in Co. As a result, 1/3<1210> and 1/3<1100> dislocations are observed (Figure

4.4(f)). Although their density is not comparable to those in Cu layers, they persist

throughout the remainder of compression and aren't absorbed by the interface nor

annihilated by further deformation (Figure 4.4(g)), but the �ow stress certainly

doesn't drop to the level of the sample that contains an FCC phase in Co that alters

the nature of the interface.
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Figure 4.5: MD simulation of compression of FCC Cu/FCC Co 5 nm (b) and FCC
Cu/HCP Co 10 nm nanopillars (c). (a) Stress-strain curves. (b,c) Pillars
before deformation. Microstructural evolution and dislocation activity
in (d-f) FCC Cu/FCC Co pillar and (g-i) in FCC Cu/HCP Co pillar in
common neighbor color coding.

Figure 4.5 summarizes the MD simulations results of compression performed on

a FCC Cu/FCC Co 5 nm nanopillar (Figure 4.5(b)) with a coherent interface and a

FCC Cu/HCP Co 10 nm nanopillar(Figure 4.5(c)) with an incoherent interface. True

stress-strain curves (Figure 4.5(a)) show that the FCC Cu/FCC Co 5 nm pillar has

a much lower yield strength of about 4 GPa than that of FCC Cu/HCP Co 10 nm

pillar. In the case of FCC Cu/FCC Co 5 nm pillar, at yield point (Figure 4.5(d)-

(f)), Shockley partials transmit across the coherent Cu/Co interface, signaled by SF

penetration, which leads to yield translating by the stress drop after 3.2% strain.
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In fact, Before yielding, parallel SFs are observed at the Cu/Co interface in Figure

4.5(d). Then, inclined SFs nucleate at the interface (Figure 4.5(e)). Eventually,

inclined SFs transmit across it prompting yielding. While in FCC Cu/HCP Co 10

nm pillar, partial dislocations can't transmit through the incoherent FCC Cu/HCP

Co interface (Figure 4.5(g)). Instead, phase transformation of HCP Co to FCC Co

is triggered (Figure 4.5(h)) to accommodate the plastic deformation, similar to the

MD simulation results for FCC Cu/HCP Co 5 nm pillar described in Chapter 3. SFs

can only propagate into the Co layer when it is transformed to the FCC phase as

observed in Figure 4.5(i).

4.4 Experimental Results

It is clear that a quantitative comparison between computational and experimental

results is not possible due to the inability to dictate the microstructure obtained in

experiments, that usually results from growth. Therefore, this section will focus on

three experimental samples with di�erent microstructures arisen from layer thickness

variation. In fact, the experimental results detailed below present some insight into

the relation between the type of interface separating the two materials, as well as the

density of defects within the layer, on the deformation mechanisms and thus, on the

mechanical behavior of NMMs.

To investigate the mechanical behavior of Cu/Co multilayers with di�erent layer

thickness, in situ pillar compression tests were performed (Figure 4.6). Due to the

di�erent deformation mechanisms and pillars structure evolution, especially the non-

uniform deformation in 25 nm pillars, we plot the engineering stress-strain curves

instead of true stress-strain curves to compare the mechanical properties.
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Figure 4.6: In-situ micropillar compression results of Cu/Co multilayers with di�erent
h. (a1, b1, c1) Engineering stress-strain curves. SEM images of Cu/Co
(a2-a5) 5 nm, (b2-b5) 25 nm and (c2-c5) 100 nm multilayers.

Cu/Co 5 nm pillars have a yield strength of ∼1 GPa and show prominent work

hardening with ∼2 GPa �ow stress. Cu/Co 25 nm pillars exhibit the highest yield

strength of ∼2.4 GPa and �ow stress of 3.5 GPa. The yield strength of the Cu/Co 100

nm pillars is ∼1.2 GPa and it has the lowest �ow stress. SEM snapshots of Cu/Co

pillars during compression show di�erent deformation mechanisms with di�erent h.

When h is 5 nm, traditional barreling at the pillar top is observed, leading to the

reverse conical shape (Figure 4.6(a5)). A small slip band is also introduced which is

examined by TEM analysis presented in the following section. When h increases to 25

nm, plastic deformation is accumulated at the top layer (∼500 nm), while the pillar

base only deforms elastically. When h increases to 100 nm, there is no co-deformation
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of Cu layer and Co layer anymore. Instead, Cu layers yield �rst (Figure 4.6 (c3)) and

extrude out (Figure 4.6 (c4),(c5)), re�ected by the wavy stress-strain curve.

4.5 Discussion

4.5.1 TBs and SFs Strengthening E�ects in (111)Cu/(0002)Co

Multilayers

A comparison of the stress-strain curves illustrated in Figure 4.1(a) for both cases

reveals di�erent behaviors caused by the di�erent mechanisms. Speci�cally, for Cu/Co

multilayers with single crystal Cu layers, partial dislocations nucleate and propagate

spontaneously across the layer, in contrast to partials in twinned Cu layers, where

TBs constitute an obstacle for their migration during early stages of deformation and

lead to a high number of dislocations nucleating in the con�ned space between the

TB and the layer interface . As a result, the stress-strain curve of the sample with

pre-existing TBs in Cu has a higher yield stress (6 versus 5.5 GPa for the sample

with no pre-existing TBs), although they both have a relatively high yield strength

due to the inability of partials to propagate through the Cu-Co interface and into

the Co layer. The multilayers with no TBs in Cu exhibit localized deformation in Cu

with Co layers remaining undeformed. In previous studies, TBs in single crystal Cu

improve its hardness by re�ning the microstructure and impeding dislocation motion

[220]. Additionally, the di�erence in �ow stress is a consequence of the dissimilar

deformation mechanisms during plasticity. Indeed, the multilayer with no TBs in Cu

undergoes hardening during plasticity, due to the formation of SFTs that inhibit

partials migration in Cu [221], whereas, the HCP to FCC phase transformation

observed in Figure 4.1(i) transforms the Cu-Co interface into a coherent one, making

it transparent to partials and enabling them to cross it, hence, the increase of SF

density in FCC Co [144], which translates by a softer behavior in plasticity as well.
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Overall, pre-existing TBs in Cu layers in (111)Cu/(0002)Co multilayers alter the

primary mechanisms activated during plastic deformation and hence, the mechanical

behavior of the multilayers under compression.

For HCP Co with a (0002) orientation, deformation is hard under compression

because of the nonexistent resolved shear stresses on either basal planes or prismatic

planes, which explains why there isn't much di�erence in the MD samples with and

without SFs in Co presented in Figure 4.2. <c+a> type dislocations gliding along

pyramidal planes are also prohibited by the high density of basal SFs [165]. Therefore,

Co remains rigid because not only Co has inherent high strength but it's also along

a hard deformation orientation, hence, the strength disparity between Cu with lower

density or no TBs and Co with a high density of basal SFs.

With TBs strengthening Cu layers and the interacting stress �leds of incoherent

Cu-Co interfaces, HCP to FCC phase transform occurs in both samples presented in

Figure 4.2, which leads to co-deformation of Cu and Co and softening observed after

yield. Since plastic yield starts in Cu layers with a similar microstructure in both

samples leading to similar yield strength in both samples specially that Co layers

don't deform until the FCC phase nucleates, which occurs during plasticity.

The localized deformation in Cu is also observed in Cu/Co 100 nm experimental

sample. In this sample, Cu layers have a lower density of TBs and Co layers have a

lower density of SFs. The non-uniform deformation after yielding manifests by the

preferential extrusion of Cu layers (Figure 4.6(c)). It is due to the strength disparity

between FCC Cu (111) and HCP Co (0002) as mentioned earlier. The preferential

deformation on the softer layer is also observed in Cu/Zr, Cu/a-CuNb and Al/Pd

multilayers [180, 181, 196, 203].

70



4.5.2 Interface Dominated Deformation in Cu/Co Multilayers

In Chapter 3, we have established that incoherent interfaces separating FCC Cu

and HCP Co in (111)Cu/(0002)Co are a strong barrier to dislocation migration due to

slip discontinuity between (111)Cu and (0002)Co, which contributes to strengthening;

and its conversion to a coherent interface by HCP to FCC phase transformation in

Co makes it transparent to dislocations, therefore, improving ductility. Additionally,

MD results summarized in Figure 4.4 prove that, even in the absence of defects in

Co and Cu, the pillar still exhibits a higher yield strength and �ow stress than the

pillar with pre-existing defects, especially that no HCP to FCC phase transformation

is observed and the incoherent interface is preserved. In contrast, a coherent interface

such as the one separating Cu and Co in (111)Cu/Co multilayers (Figure 4.5) is a

weak barrier for dislocations and they can glide easily across it.

Experimental compression results reveal that Cu/Co 5 nm pillars are unexpectedly

much softer than Cu/Co 25 nm pillars under compression in contrast to the 'stronger'

is smaller rule observed in NMMs. Although CTBs and SFs are observed in Cu/Co

5 nm multilayers, they could not form an e�ective defect network due to the absence

of the incoherent interfaces.

Post deformation on Cu/Co 5 nm pillars TEM analysis is performed as shown in

Figure 4.7. A slip band is observed in Figure 4.7(a) and Figure 4.7(b). Figure 4.7(c)

shows a majority of FCC Co in the Co layer and a coherent interface between FCC

Cu/Co. Near the slip band region, high density of inclined SFs and slip traces are

observed, resulting from Shockley partial dislocations transmission across the Cu/Co

interface along inclined (111) planes as observed in MD simulations (Figure 4.5(d)-

(f)).

In metallic multilayers, when h is less than 10 nm, transmission of single

dislocation across layer interface is the dominant deformation mechanism [18, 94,

96, 99, 176, 177, 210]. Under compression, partial dislocations gliding along inclined
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(111) planes can easily propagate across the coherent Cu (111)/Co (111) interface,

signi�cantly degrading the maximum strength of Cu/Co multilayers.

Figure 4.7: TEM (a) and STEM (b) micrographs of Cu/Co 5 nm pillar deformed up
to 20% strain. (c),(d) HRTEM micrographs of two di�erent zones of the
deformed pillar de�ned in (b).

4.6 Conclusion

In summary, atomistic simulations of compression were performed on

(111)Cu/(0002)Co multilayers with di�erent nanostructures to elucidate the

synergistic role of three speci�c types of pre-existing defects, namely the Cu-Co

interface, CTBs in Cu and SFs in Co, in imparting ultra-high strength and plasticity.

The simulations reveal that the incoherent HCP Co-FCC Cu interface serves as an

72



e�ective barrier for dislocation motion across layers leading to high strength. The

CTBs in Cu play two roles. They decrease the strength discrepancy between Cu

and HCP Co by obstructing the motion of partials that nucleate from the Cu-Co

interface contributing to high yield strength. In addition, the glide of dislocations

along the CTBs triggers detwinning and the dislocation pile-up contributes to the

localized stress required to activate HCP to FCC transformation. Thus, Cu-Co

interface becomes transparent to partial dislocations motion thereby accommodating

plasticity and ensuring co-deformation of Cu and Co. Finally, SFs in Co contribute

to high strength by prohibiting slip on prismatic or pyramidal systems in the HCP

Co layer. In addition, their high density improves plasticity by increasing stress

localization around the Cu-Co interface which leads to nucleation and dislocation pile-

up in the Cu layer, hence, activates the phase transformation. Thus,consistent with

experimental studies, our MD simulations show that the three parallel planar defects

work together to impart an attractive combination of high strength and plasticity.

This work opens avenues for the design of other metallic multilayer systems with

superior mechanical properties using pre-existing defect networks.
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Chapter 5

DEFORMATION MECHANISMS IN

FACE CENTERED CUBIC CO

DOMINATED BY STACKING

FAULTS

5.1 Introduction

In this chapter, we investigate the mechanical properties of single crystal FCC Co

pillar with pre-existing high-density inclined SFs by MD simulations and experimental

compression tests to provide a comprehensive understanding of possible deformation

mechanisms that may lead to SF-dominated response at di�erent strain rates. Under

compression, the Co pillars show strain softening and hardening respectively at

di�erent strain rates. It is worth mentioning that although most MD simulations

are inherently limited by extremely high strain rates (of the order of 108/s) and may

not be ideal computational tools for studying strain rate dependence, especially at

experimentally relevant strain rates [222], these simulations have been successfully
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applied to explain deformation mechanisms in metallic materials. The purpose of

MD simulations is to elucidate possible SF-mediated deformation mechanisms that

may qualitatively explain the strain rate dependence observed in experiments.

5.2 Computational and Experimental Methods

5.2.1 Computational Methods

A nanopillar with circular cross-section consisting of a seed layer of FCC Cu and

an upper layer of FCC Co was generated for atomistic simulations. The pillar had a

diameter of 18.4 nm and the height of the Co layer was 38.4 nm, Thus, the height-to-

diameter aspect ratio of the Co pillar for compression study is ∼2:1. The thickness of

the Cu layer was 6 nm. Both layers had the following crystallographic orientation: x:

[0 1 1], y: [0 1 1], z: [1 0 0]. The Co layer consisted of ∼900,000 atoms. Non-periodic

boundary conditions were speci�ed in all directions. The Cu seed layer was made rigid

to promote the nucleation of defects in the Co layer. The Cu-Co interactions were

modeled using the embedded-atom method (EAM) interatomic potential developed

by Zhou et al. [97]. The system was �rst relaxed at 0 K by conjugate gradient

energy minimization and then equilibrated at 300 K for 100 ps using the Nose-Hoover

thermostat in the NVT ensemble. The compression simulations were performed at

strain rates of 1.37 × 108/s and 1.37 × 109/s, by keeping the Cu layer �xed and

applying a constant velocity to a thin slab of Co, about 2 nm in thickness, at the

top. All simulations were performed in LAMMPS [163], OVITO [164] was used for

visualization and DXA tool in Ovito [120] for dislocation analysis.

5.2.2 Experimental Methods

1 µm thick Co �lm with 100 nm thick Cu seed layer was deposited on Si (100)

substrates at a rate of ∼0.3 nm/s for Co. Transmission electron microscopy (TEM)
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image of FCC Co examined along [100] zone axis (Figure 5.1(a)) shows arrays of

orthogonal high-density SF ribbons. The inserted selected area di�raction (SAD)

pattern shows superlattice types of di�raction spots arising from high-density SFs. SF

ribbons intersecting at 70◦ are observed in the cross section TEM (XTEM) view along

[110] zone axis (Figure 5.1(b), 5.1(c)). High resolution TEM (HRTEM) micrograph

in Figure 5.1(d) shows detailed intersections of two SF ribbons. Then, three single

crystal FCC Co pillars with ∼500 nm diameter were fabricated using the focused-ion-

beam (FIB) technique. The height/diameter aspect ratio is ∼ 2:1 for all micropillars.

Compressive tests at low(1×10−3/s) and high (5×10−3/s) were performed, as well as

a jump test. More details on the experimental techniques and methods can be found

in [144].

Figure 5.1: (a)Plan-view TEM micrograph from the Co [100] zone axis. (b-c) Cross-
section TEM (XTEM) micrographs examined from the Co [110] zone
intersecting SF ribbons that keep propagating after interception. (d)
HRTEM micrograph.
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5.3 Computational Results

Figure 5.2: MD simulation results for compression of a Cu-Co bilayer nanopillar.
(a1) Cross-section view of the pillar before deformation. (a2)A tilted
top-down view of initial SFs formed in FCC Co. (a3) Shockley partials
(green) and Hirth locks (b=1/3 < 100 >, black).The stress-strain curves
for nanopillar compression at a strain rate of (b) 1.37 × 108/s and (c)
1.37× 109/s.

To understand the in�uence of pre-existing SFs on the deformation mechanisms

of FCC Co, MD simulations of nanopillar compression at di�erent strain rate on

FCC Co were performed. 70◦ inclined and orthogonal SFs are observed at the Cu/Co

interfaces (Figure 5.2(a1), 5.2(a2)), in excellent agreement with the TEM observations

presented in Figure 5.1. Careful examination of dislocations near the interface show
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pairs of 1/6 <112> Shockley partials, connected by immobile Hirth locks with Burgers

vector of 1/3 <100> (Figure 5.2(a3)). Figure 5.2(b) shows the stress-strain curve for

the compression simulation performed on the FCC Co/Cu specimen at a strain rate

of 1.37 × 108/s. The stress increases rapidly with strain to a maximum of ∼ 1.5

GPa, and then decreases and stabilizes at ∼ 1 GPa. Based on di�erent deformation

mechanisms observed as compression progresses, we divide the stress-strain curve into

di�erent regimes (I-V). There appear to be two hardening regions (I and III) and two

softening dominated regions (II and IV) with distinct mechanisms and dislocation

activities. We also performed a compression simulation at a higher strain rate of

1.37 × 109/s (in Figure 5.2(c)) to do a comparative study of the defect density in

the two cases, which will be discussed later. As expected, both cases show similar

stress-strain curves since they are both obtained from high strain rates compared to

the ones used in experiments. Hence, the following discussions focus primarily on the

MD simulations of nanopillar compression at the lower strain rate. Atomic structures

along with dislocation analyses analyzed at di�erent strains are shown in Figure 5.3

and 5.4 to gain atomistic insight into the corresponding microstructure evolution.

Initially, the interior of the pillar is relatively free from dislocations (Figure

5.3(a1)) except for the preexisting Shockley partials and Hirth locks formed at the

Cu/FCC Co interface. The increase of compressive strain from 0 to 4.6% leads

to shortening of the Hirth lock dislocations, which never dissociate into Shockley

partials entirely and hence we believe that they contribute to the hardening observed

in Region I. As these preexisting Shockley partials are restricted by Hirth locks,

there are no other mobile dislocations to accommodate deformation, leading to the

so-called dislocation starvation induced hardening [198, 223, 224, 225]. At the peak

stress (Figure 5.3(b1)), mobile partials are nucleated from the pillar surface. The

partials then rapidly propagate and increase the volume fraction of the SFs in the Co

pillar (Figure 5.3(b2)-(b4)), accompanied by rapid stress drop or softening. Figures
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5.3(b3)-(b4) also show the nucleation of SFs on multiple slip planes and the formation

of dislocation locks at the intersections of these SFs. The introduction of these new

dislocation locks initiates the hardening observed in regime III.

Figure 5.3: Nanostructure evolution at di�erent strains during Region I and II in
common neighbor color coding using dislocation analysis. Only defect
atoms arranged in HCP structure are shown(orange). Using dislocation
analysis, the green lines show Shockley partials (SP), Hirth locks (HL)
are in black, and the red lines show other types of dislocations.

As the plastic deformation continues, the density of SFs and Shockley partials

increases dramatically, leading to two consequences. First, subsequent nucleation

of intrinsic SFs along existing SFs results in thickened SF ribbons, which limit

the migration of dislocations in the FCC structure. Second, the density of sessile

dislocations (Hirth locks and stair rod dislocations) increases rapidly. The migration

of mobile partial dislocations is signi�cantly inhibited by the intercepting SFs and

Hirth locks. During the deformation in region III, 3D views of the snapshots in

Figures 5.4(a1)-(a4) show the rapid increase of the population of Hirth locks due to

the intersecting SFs, and locks and intersections are stable even as the compressive

strain increases from 5.49% to 6.5%. The 2D views in Figure 5.4(a1')-(a4') clearly

show interceptions of SFs and HCP laminates.
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During deformation in regime IV (corresponding to slight softening observed from

strain of 6.6% to 7.5%), Shockley partials exiting from SFs intersections glide along

the SF ribbons (appearing as HCP laminates sometimes), leading to the formation

of TB (Figure 5.4b1-b4). As shown in Figure 5.4(b2')-(b4'), continuous migration of

Shockley partials along the TB leads to TB migration along the normal direction.

Figure 5.4: Nanostructure evolution at di�erent strains during Region III and IV in
common neighbor analysis (orange is for HCP, grey for FCC and pink for
BCC) along with dislocation analysis.
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5.4 Experimental Results

To investigate the deformability of FCC Co, three sets of compression tests at

di�erent strain rates were performed. The stress-strain curves for the micropillars

tested at low (1 × 10−3/s) and high (5 × 10−3/s) strain rate are di�erent. At low

strain rate (1 × 10−3/s), the yield strength of the micropillar is ∼ 700 MPa (red

curve shown in Figure 5.5(a)). After a short strain hardening stage (with a strain

hardening exponent n of 0.25 ±0.05) leading to a peak stress of ∼ 1100 MPa, the

micropillars tested at the low strain rate experience prominent strain softening. In

contrast, the micropillars tested at the high strain rate (blue curve shown in Figure

5.5(a)) experience no softening. The yield strength and �ow stress plateau are ∼ 700

MPa and 1400 MPa, respectively. The strain hardening exponent is 0.35 ± 0.02 for

pillars tested at this strain rate.

Figure 5.5: In situ micropillar compression tests of FCC (100) Co at di�erent strain
rates. (a) At low strain rate (1 × 10−3/ s, red), at high strain rate (5 ×
10−3/s, blue). (b) True stress-true strain curves of jump test at di�erent
strain rate (5× 10−4/s - 1× 10−2/s).

In situ SEM snapshots of micropillars at di�erent strains are shown in Figure

5.6(a) and 5.6(b) for tests carried out at di�erent strain rates. For the micropillar

tested at low strain rate, the pillar deforms uniformly (Figure 5.6(a)). Meanwhile,

the pillar tested at higher rate (Figure 5.6(b)) shows classical barreling due to friction

stress between indenter tip and pillar top surface. No obvious slip bands are observed
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in both cases, which will be discussed later.

A jump test was also performed (Figure 5.5(b)) at four di�erent strain rates (5×

10−4, 1 × 10−3, 5 × 10−3 and 1 × 10−2/s). We found that strain softening occurs

at the �rst two low strain rate regions, followed by strain hardening when strain

rate increases to 5 × 10−3/s or greater. The yield strength of the pillar during the

initial jump test is also ∼ 700 MPa. The combination of strain softening and strain

hardening leads to the surprising V-shape of the true stress-strain curve. In situ SEM

snapshots (Figure 5.6c) show that the pillar can sustain strain rate jump tests up to

∼ 20% of strain without any slip bands or failure.

Figure 5.6: SEM images obtained from in situ compression tests of FCC (100) Co
pillars at (a) 1 × 10−3/s and (b) 5 × 10−3/s strain rates and (c) a jump
test with a varying strain rate.
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5.5 Discussion

5.5.1 Strengthening and Softening Mechanisms in FCC Co

Revealed by MD Simulations

MD simulations show that the deformation in FCC Co is dominated by the activity

of partial dislocations. This is possibly due to the low stacking fault energy (SFE) of

FCC Co, which is calculated to be -51 mJ/m2 using the same interatomic potential

[97]. The negative SFE value is also predicted by a previous study [226]. Furthermore,

MD simulations suggest two types of hardening and softening mechanisms occurring

in four regions. The dislocation starvation induced hardening during initial loading in

Region I is somewhat surprising as there are preexisting Shockley partials due to the

mismatch strain between Cu and FCC Co of ∼2%. However, these Shockley partials

cannot migrate as they are constrained by Hirth locks. MD simulations indeed reveal

the shortening of Hirth locks during initial loading, but Shockley partials remain tied

to the Hirth Locks. Hardening continues until the avalanche of dislocations due to

nucleation of partials and SFs from surface. Such a phenomenon leads to drastic

softening in Region II.

The second hardening mechanism revealed by MD is caused by the interception

of SFs formed in the previous region and the formation of new Hirth locks at a

greater strain level (Region III). Continuous deformation leads to thickening of SF

ribbons (HCP laminates) during deformation in region I and II due to nucleation of

a signi�cant number of SFs. These HCP laminates as well as SFs play a similar role

as TBs or grain boundaries in limiting dislocation mobility and thus contributing to

strengthening and work hardening.

The second type of softening mechanisms in Region IV is intriguing. It appears

that mobile Shockley partials escape from the interception between certain thin SFs

and HCP laminates. These partials migrate along the SF ribbons and lead to the
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gradual defaulting of HCP laminate to eventually form a TB. Further migration of

Shockley partials along the TB results in the normal motion or migration of the TB

along its normal direction. The migration of TBs under deformation of nanotwinned

metals has been reported previously [150]. Using MD simulations Li et al. [2]

revealed softening in nanotwinned Cu due to the transition from dislocation pile-

up mechanisms to partial dominated TB migration in extremely �ne (1 nm or less)

twinned Cu. Zhu et al. [67] reported the constriction of partials and subsequent

absorption (spread) of the full dislocation along TBs in twinned Cu. It is worth

mentioning that the second type of softening mechanisms observed here is less drastic

compared to the �rst type of softening, where the avalanche of dislocations occurs.

Finally, we would like to emphasize that even if the hardening and softening

observed in regions III and IV in MD simulations are not very signi�cant

(limited by the high strain rate characterizing MD simulations), the di�erent

atomistic mechanisms that can lead to a hardening or softening response provide

qualitative support for the strain rate dependent hardening and softening observed

in experiments.

5.5.2 Strain Rate Dependent Deformation Mechanisms in

FCC Co with SFs

In this section, we attempt to interpret the strain rate dependent deformation

behavior of FCC Co observed in experiments. For the Co pillar tested at low strain

rate (1×10−3/s), yield strength is ∼ 700 MPa, followed by a transient work hardening

stage. Although Hirth Locks in the as-deposited �lms may be strong barriers for the

release of mobile partials, a dislocation starvation dominated hardening mechanism,

as predicted by MD simulations, alone may not explain the work hardening observed

experimentally, because the specimen dimension is much larger than that used in MD

simulation, and it is less likely that all preexisting Shockley partials are constrained by
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Hirth locks. The second type of hardening due to blocking of SFs by HCP laminates

may be a more realistic work hardening mechanism. It follows that the gradual

softening observed at low strain rate may be a consequence of the dissociation of

Hirth locks and the activation of abundant partials that glide along SFs.

In fact, in Martinez's study [227], the strength of a Hirth lock is calculated as

0.0032µ, where µ is the shear modulus. For FCC Co, the critical resolved shear

stress τ needed to break the Hirth lock is ∼ 272 MPa, if we take µ = 85 GPa.

When two Shockley partials on di�erent {111} planes interact with each other, a

1/3 [002] dislocation forms at the junction, then, it dissociates into two Shockley

partials 1/6 [121] and 1/6 [121]. The slip plane and slip direction of the Shockley

partials are {111} and <121> respectively. The MD study reveals that the Hirth

lock dissociation actually results in the two Shockley partials gliding on the {111}

plane along the <121> direction(Figure 5.3(a1)-(a4)). The compressive stress that is

needed to break the Hirth lock can hence be calculated by the critical resolved shear

stress τ and the Schmid factor

σ =
τ

cosΦcosλ
, (5.1)

where Φ is the angle between the slip plane {111} and the lateral plane (001) and

λ is the angle between the lateral plane (001) and the slip direction <121>. Using

this result, the compression stress is calculated to be ∼ 1.15 GPa, which is within

the stress values observed in the low strain rate compressive test (1×10−3/s) varying

between 1 GPa and 1.2 GPa.

MD simulations show that the activation of mobile Shockley partials stems from

certain interceptions where Hirth locks did not form. Furthermore, these mobile

partials gradually reduce the thickness of SFs via a defaulting process, resulting in a

lower density of SF ribbons (HCP laminates). Prior studies show that dislocations

85



in single crystal pillars or nanowires may exit the free surface [198, 223, 224, 228].

Due to the inability to accumulate internal dislocations, there is a lack of work

hardening in these nanowires, and consequently they exhibit either softening or

brittle fracture [224, 229]. In sub-micron size single crystal Ni and Al pillars, a

similar softening phenomenon has been observed because the dislocation recovery

rate exceeds the dislocation nucleation rate [224, 230]. Note that at a low strain

rate,despite strain softening, the FCC Co pillar remains uniformly deformed as shown

by in situ compression studies. When the strain rate is increased to 5 × 10−3/s, the

micropillar exhibits no strain softening. A prominent strain hardening is observed

until the stress reaches a plateau, ∼1.4 GPa. Plastic yielding occurs at ∼ 700 MPa,

indicating that the stress necessary to move mobile partials is similar to the pillar

deformed at a lower rate. At a higher strain rate, more mobile partial dislocations

are nucleated to accommodate plastic deformation. In general, when dislocation

nucleation rate is greater than dislocation consumption rate, strain hardening would

prevail [230]. In this case, when the density of partial dislocations increases, the

chances for Shockley partials to intersect with each other also increase, and thus the

probability of forming Hirth locks would also increase.

To test this hypothesis, we performed MD compression simulation at a higher

strain rate (1.37× 109s). The stress-strain curve for this simulation shown in Figure

5.2(c) reveals a similar trend: two strengthening followed by two softening regions.

Dislocation analysis of the two pillars subjected to di�erent stain rates are shown

in Figure 5.7(a) and (b). For both cases, we choose the atomistic con�gurations at

the lowest (valley) stress (Figure 5.7(a1) and (b1)) and highest (peak) stress (Figure

5.7(a2) and (b2)) in region III to compare the dislocation structures. We �nd that

the density and number of segments of Hirth locks both increase with increasing

stress, which consolidates the role of Hirth locks as a dislocation barrier and their

contribution to strain hardening (Figure 5.7(c) and (d)). Additionally, at higher
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strain rate, the density and number of segments of Hirth locks are more than two

times greater than those at lower strain rate. This analysis also veri�es our hypothesis

that a higher strain rate increases the number of Hirth locks, hence promotes strain

hardening. Finally, macroscopically, when dislocation nucleation and recovery rates

reach a balance, the �ow stress is maintained at ∼1.4 GPa. Foregoing interpretation

also works well for the experimental compressive jump test performed at various strain

rates (Figure 5.5(b)), which leads to a unique V-shape stress-strain curve. The pillar

tested during the jump tests also deformed uniformly up to ∼20% strain (Figure

5.6(c)).

Figure 5.7: Dislocation analysis of MD simulations at the valley and peak of Region
III on both stress-strain curves of relatively (a) low (1.37×108/s) and (b)
high (1.37× 109/s) strain rates. The density (c) and number (d) of Hirth
locks function of the strain at low and high strain rates.
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In general, FCC single crystal pillars with submicron pillar size, such as Au

[198], Cu [231, 232], Ni [224] and Al [229], often experience intermittent strain

bursts or serrated yielding during deformation. This plastic instability is an intrinsic

characteristic of micrometer size single crystal metals, due to dislocation avalanches.

However, instead of intermittent strain burst, single crystal FCC Co with high-

density intersecting SFs exhibits signi�cant work hardening and smooth stress-strain

curve. The inclined SF ribbons (HCP laminates) block the transmission of partial

dislocations and prohibit the formation of dislocation avalanches, which could only

be accomplished previously by increasing pillar size in single crystal FCC metals

[231, 233]. Moreover, in contrast to the uniform deformation at low strain rate, in

situ micropillar compression tests show barreling at a higher strain rate, which is a

manifestation of strain hardening in FCC Co due to the formation of a greater density

of dislocations and Hirth locks inside pillar as suggested by MD simulations discussed

before.

5.6 Conclusion

In summary, we report an intriguing SF dominated deformation mechanism, which

is also sensitive to strain rate in single crystal FCC Co (100) pillar. The phenomenon

of strain softening at low strain rate arises from insu�cient density of intersections

or Hirth locks that are e�ective barriers for dislocation and partial migration and

the propagation of partials along SF ribbons. In contrast, at higher strain rate,

abundant Hirth locks and SF intersections can e�ectively inhibit the migration of

partials, leading to substantial work hardening. The smooth stress-strain curve and

homogenous morphology variation associated with the deformed pillars indicate that

SFs can also prohibit strain burst and enhance plasticity. MD simulations furnish

atomistic insights into the possible SF-mediated deformation mechanisms at play
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and provide support for the contribution of SF ribbons (HCP laminates) and Hirth

locks to strain hardening and SF dominated plasticity. The conclusions derived

from the combination of experimental and computational studies may stimulate

signi�cant interest in the stacking-fault dominated strengthening and plasticity in

metallic materials.
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Chapter 6

SUMMARY

In this chapter, we summarize our study of deformation mechanisms in HCP and

FCC metals and nanostructured metallic multilayers dominated by the evolution and

interactions of di�erent types of planar defects and interfaces and present directions

for further studies. In Chapter 2, we investigate an intriguing deformation mechanism

in HCP Co dominated by phase transformation. In fact, HCP Co with high

density SFs exhibits both high strength and ductility as revealed by MD compression

simulations and in situ SEM compression tests. MD simulations reveal that HCP-

to-FCC phase transformation occurs during deformation due to partial dislocations

gliding along the pre-existing SFs parallel to the basal plane during compression. The

subsequent generation of inclined SFs on (111) planes in FCC Co plays a key role in

accommodating plasticity. We prove by this study that introducing a high density

of SFs provides a method of designing high-strength, deformable HCP materials,

traditionally lacking independent slip system required to satisfy the Von Mises

criteron. This study is performed at 300 K and it would be insightful to determine

the e�ect of temperature on the mechanical behavior and deformation mechanisms

in HCP Co with pre-existing SFs, especially nearing its transition temperature of

∼700K, beyond which Co is stable in an FCC structure. This work was published in

90



Scripta Materialia in 2019 [165].

In Chapter 3, we report on drastically di�erent mechanical strength and

deformability of Cu/Co multilayers with three crystallographic orientations and layer

interfaces. The coherent interfaces of FCC (100) and (110) Cu/Co are found to be

weak barriers to dislocations and formation of slip bands. (110) Cu/Co exhibit a

higher �ow stress owing to TBs that inhibit dislocation motion leading to hardening.

Nevertheless, a defect network consisting of TBs, SFs and parallel incoherent layer

interfaces give FCC/HCP (111)Cu/(0002)Co multilayers their high strength. At the

onset of plastic yield, HCP to FCC phase transformation in Co occurs. The coherent

interfaces of FCC (100) and (110) Cu/Co lead to a low yield strength and slip bands

during in-situ micropillar compression tests. Alternatively, the incoherent interfaces

in Cu (111)/Co (0002) multilayer system delivers high yield strength and �ow stress.

In addition, the formation of a cap layer proves local superplastic deformation. This

work was published in Acta Materialia in 2020 [217].

The unprecedented mechanical response of (111)Cu/(0002)Co mediated by a

synergistic defect network motivates the study in Chapter 4. In fact, MD compression

simulations on (111)Cu/(0002)Co nanopillars with di�erent nanostructures were

performed in an attempt to determine the individual e�ect of each of the three planar

defects, TBs in Cu, SFs in Co and Cu-Co interface, on the mechanical response of

(111)Cu/(0002)Co. The incoherent HCP Co-FCC Cu interface obstructs dislocation

motion across layers leading to high strength. On the other hand, TBs in Cu play two

roles. They inhibit movement of partials across the Cu layer contributing to high yield

strength. Second, the glide of dislocations along the CTBs triggers detwinning and

the dislocation pile-up contributes to the high localization of stress that activates HCP

to FCC transformation, turning the Cu-Co interface into a coherent one, transparent

to partial dislocations motion thereby accommodating plasticity and ensuring co-

deformation of Cu and Co. Finally, the high strength of HCP Co layers is owed to SFs
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on the basal planes prohibiting slip on prismatic and pyramidal systems. In addition, a

higher density of SFs contributes to plasticity by increasing the localized stress around

Cu-Co interfaces, hence, easing the HCP to FCC phase transformation. These results

are also re�ected on the mechanical response of (111)Cu/(0002)Co multilayers with

di�erent layer thicknesses undergoing in situ micropillar compression. The di�erence

in layer thickness resulted in di�erent microstructures. The compression tests show

that 25 nm is the optimal layer thickness for high strength and deformability. Cu/Co

5 nm pillars are much softer than 25 nm pillars due to coherent Cu/Co interfaces.

When the layer thickness increases to 100 nm, the low density of pre-existing TBs in

Cu layers compromises their strength, limiting the deformation to Cu layers, therefore,

they're extruded during compression similar to the MD results of the nanopillar with

no TBs in Cu, with Co layers remaining undeformed. Therefore, the three parallel

planar defects with a high density of TBs in Cu and SFs in Co are necessary to impart

an attractive combination of high strength and plasticity.

Finally, we investigate an intriguing SF dominated deformation mechanism in

single crystal FCC Co (100) pillar in Chapter 5. We show that the insu�cient

density of SF intersections or Hirth locks constituting e�ective barriers for dislocation

and partial migration leads to strain softening at low strain rate. In contrast, at

higher strain rate, abundant Hirth locks and SF intersections inhibit the migration of

partials e�ectively, leading to substantial work hardening. MD simulations provide

atomistic insights into the possible deformation mechanisms governed by SF activity

and provide support for the contribution of SF ribbons (HCP laminates) and Hirth

locks to strain hardening and SF dominated plasticity. The conclusions derived from

this study highlight the possible SF-mediated strengthening and plasticity in metallic

materials. This study also includes a strain rate sensitivity assessment of the density

of Hirth locks, hence, on hardening. However, the MD method limits us to very

high strain rates of about ∼ 108 − 109/s compare to experimental strain rates of
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∼ 10−3/s which only allows a qualitative comparison of the strain rate sensitivity. To

circumvent the timescale bottleneck of traditional MD, novel time-scaling approaches

such as the Autonomous Basin Climbing method can be used and is proven to yield

useful information and novel insights into the rate-dependent mechanical behavior

for materials science problems of interest, when appropriately complemented with

other algorithms and techniques. This study was published in Materials Science and

Engineering:A in 2018 [144].

In essence, the studies detailed throughout this dissertation provide novel methods

of improving the con�icting strength and plasticity of metallic materials and

multilayers with pre-existing SFs by harnessing a variety of planar defects such as

TBs, SFs and layers interfaces and their interactions. However, other aspects of SFs

are yet to be explored.

For instance, the fracture behavior and creep mechanisms of FCC and HCP

metals with pre-existing SFs are still not clear. Studying the reaction of SFs to

crack propagation and their role in creep mechanisms would be of interest.

Structural materials are a good candidate for nuclear power systems with high

radiation tolerance, since GBs, layer interfaces and free surfaces have been shown

to improve radiation resistance. TBs interactions with radiation-induced point

defects have also been studied extensively. Our current study provides avenues

for investigating the role of pre-existing stacking faults in radiation tolerance in

metallic materials. Furthermore, the combination of three types of planar defects

in (111)Cu/(0002)Co presents an opportunity to study radiation tolerance of metallic

multilayers with a variety of pre-existing defects.
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